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Abstract
The concept of phase reversion involving severe cold deformation of metastable austenite to
generate strain-induced martensite, followed by temperature-time annealing sequence, was used
to obtain varying grain size from nanograined/ultrafine-grained (NG/UFG) to coarse-grained (CG)
regime. This concept was used to obtain “high strength-high ductility” combination in
nano/ultrafine-grained (NG/UFG) austenitic stainless steel. Using this concept, the objective of the
study is to elucidate the dependence of grain size on deformation mechanisms and deformationinduced microstructural changes. The objective was accomplished by combining depth-sensing
nanoindentation experiments conducted at various strain rates, and interrupted tensile testing at
various strain and post-mortem analyses of deformed Fe-17Cr-7Ni (AISI 301LN), and Fe-16Cr10Ni austenite alloy using transmission electron microscopy (TEM). In the high strength NG/UFG
steel, deformation twinning contributed to excellent ductility, while in the low strength coarsegrained (CG) steel, ductility was also good, but due to strain-induced martensite, implying clear
distinction and fundamental transition in the deformation behavior of NG/UFG and CG austenitic
stainless steels. The study underscores that irrespective of the grain structure and operating
deformation mechanisms (twinning versus strain-induced martensite), the generic nature of strain
hardening is unaltered. In the NG/UFG structure, there was marked increase in stacking faults and
twin density at high strain rates, and high strains. TWIP effect was observed in NG/UFG steel,
whereas TRIP effect was evidenced in CG alloy. The observed change in the deformation
mechanism with change in grain size is attributed to increased stability of austenite with decrease
in grain size, and is explained in terms of austenite stability-strain energy relationship. The insights
on the relationship between grain structure (and strength) and deformation mechanisms are
envisaged to be important in providing a new direction for the futuristic design of high strength-
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high ductility NG/UFG materials such as austenitic stainless steel. From a practical viewpoint, it
provides a novel route to develop metals and alloys with exceptional combination of strength and
ductility.
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Chapter 1
Introduction
1.1

Stainless steels
There is no ambiguity that stainless steels are one of the most important class of alloys.

The significance of the stainless steels lies on its outstanding properties, such as, excellent
corrosion resistance, good formability, wide range of strength levels, good elongation, and decent
aesthetic appearance. Owing the excellent properties, there are a wide range of applications for
stainless steels, starting from utensils, knifes, refrigerators, watches, to more sophisticated
applications, such as, space vehicles, biomedical implants, food packaging, chemical plants,
automotive and petroleum industries [1, 2].
Steel is defined as the combination of small percentage of carbon and majority of iron.
There are few drawbacks like poor corrosion resistance that is separating steel apart from few
industries. In order to overcome such problems, like staining, rusting or corroding stainless steels
are used. The addition of at least 11% of Cr to steels makes stainless steels, which forms chromium
oxide layer and gives good corrosion, and oxidation resistance to the steel. To enhance the
resistance to pitting in stainless steels small amounts of Mo is added, whereas Ni acts as a strong
austenite stabilizer [1, 3].
1.1.1

Types of stainless steels:

Stainless steels are classified into three main categories. They are:
Austenitic stainless steels: These steels are widely used (~70%) in the family of stainless
steels. They has FCC crystal structure, and exhibits austenite even at room temperature due to high
percentage of Ni. Excellent strengths even at high temperatures and high corrosion resistance can
be attained by using these steels. Austenitic stainless steels are non-magnetic. These steels are
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mainly classified into 200 series and 300 series, where the classes like 301, 304, 316 stainless
steels are widely used throughout the world. In addition to these classes, we often find the letters
L and/or N following by type of steel. For example 301LN austenitic stainless steel, which means
L stands for low carbon (~0.03%), and N for high nitrogen which helps in increasing the yield
strength of the steel by solid solution strengthening. Austenitic stainless steels can also be widely
used as biomedical implants, due to its excellent biocompatibility.
Ferritic stainless steels: In contrast to austenitic stainless steels, these steels exhibits
ferromagnetism and have BCC crystal structure. Ferritic stainless steels have moderate corrosion
resistance. They possess good engineering properties at room temperature, but poor high
temperature properties compared to austenitic stainless steels. These steels have relatively low
amounts of Ni content.
Martensitic stainless steels: These steels can be hardened by heat treatment and has
superior strength and toughness compared to ferritic, and austenitic stainless steels. These steels
have BCT crystal structure and exhibits poor corrosion resistance compared to other two classes
of stainless steels. Similar to ferritic stainless steels, these steels also have low Ni content and
exhibits ferromagnetism [1,4].
In addition to abovementioned three main categories of stainless steels, there are two more
categories named precipitation hardening, and duplex stainless steels. Duplex stainless steels has
the combination of ferritic and austenitic structure to enhance the strength and facilitates in
excellent corrosion resistance (especially stress cracking corrosion). Precipitation hardening
stainless steels is hardened by aging the alloy, results in extended strengths than many other steels.
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1.2

Processes to fabricate nanostructured materials
The materials that have substructures in the range of 1-100 nm is called nanostructured

materials [5]. In order to synthesize nanostructured materials, two approaches have been developed
named bottom up and top down [6]. In “bottom up” approach the nanostructured materials are
fabricated from nanoscale/atomic level to bulk scale. The limitations of this approach are:


Consolidation of nanoparticles has been a challenge and grain growth of these materials
usually occurs during consolidation.



Another disadvantage of nanostructured materials are having gas trapped and porosity [7].
In “top-down” approach the bulk coarse-grained materials are cultured into nanostructured

materials. Severe plastic deformation (SPD) procedures are utmost effective and widely used topdown approach [8,9]. The average grain size of a material processed via SPD technique lies in the
range of ~100 nm. Thus, SPD is one of the most efficient and effective way of synthesizing
nanostructured materials. Grain refinement during deformation is the underlying reason for
achieving unique properties by SPD processing. SPD is preferred over other techniques because it
facilitates the deformation of a material up to large strains than many commercially available
traditional methods, thereby enhances the strength of a material. Significant levels of hydrostatic
pressure is achieved because the shape is retained to specific dimensions that can prevent the
material to free flow. To incorporate the high density of lattice defects into the material leading to
outstanding grain refinement, substantial hydrostatic pressure is required for accomplishing high
strains [10].
In summary the basic principle of SPD technique is that a nanostructured material is
fabricated by introducing extremely large strains (ε > 4) into the material by maintaining required
geometry of the specimen [11]. In comparison to traditional metal processing techniques, such as
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rolling, forging, extrusion, drawing etc., SPD processing contrasts in a very important way. It is
well-proven that successful grain refinement can be extensively achieved through SPD processing
for materials including pure metals, intermatallics, and alloys [12,13]. Furthermore, these ultrafine
grain structures, which are typically in the sub-micrometer/nanometer regime, produce outstanding
mechanical and physical properties, such as extended strengths, increased fatigue resistance, good
machinability, decreases in the elastic moduli, increases diffusion rates and enhances magnetic
properties [14]. Superplastic behavior can be successfully achieved from nano/ultrafine grain
materials because of high structural stability at elevated temperatures even at high strain rates
[15,16].
1.2.1

Techniques for SPD processing

There are some very successful techniques of SPD that are commercially available. They
are:
Equal-channel angular pressing (ECAP)
ECAP is the most promising and extensively used technique among all SPD processing
[17]. The working principle of ECAP is that a rod-shaped material is mechanically pressed by a
plunger inside the die consists of a channel which is bent at a certain angle, as shown in Figure
1.1. When the material passes through the intersection of the channel a shear strain is introduced.
This process can be repeated number of times to attain required structures and remarkably superior
strains. The strain, ε, introduced in ECAP is governed by considering the angle between
intersections of the channels, Φ, and the angle representing the exterior arc of curvature where the
two parts of the channel intersect, Ψ. The relationship is given by:
ε =(N/√3)[2cot{(Φ/2)+( Ψ/2)}+ Ψcosec{( Φ/2)+( Ψ/2)}]
where N is total number of passes through the die [18].
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(1)

As the plunger forges the material into the die, with increase in number of passes the shear
strain is highly accumulated results in formation of nano/ultrafine grained materials. In practice,
multiple slip systems can probably introduced by rotating the sample along its longitudinal axis
between each pass [19] which leads to 4 basic processing routes: In route I, there is no rotation of
the material, rotations by 90o in same or alternate directions in routes IIC and IIA, respectively, and
route III is rotations by 180o [20]. Out of all the processing routes route IIC is known as the efficient
and rapid processing route for obtaining nanograin/ultrafine grained (NG/UFG) materials when
using a channel angle of Φ=90o. Route IIC is also implemented for achieving high angle grain
boundaries and equiaxed grains.

Figure 1.1: The Principle of ECAP [10, 17]
In recent past, there are many researchers throughout the world modifying the traditional
ECAP process to achieve more grain refinement and unique properties.
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High-pressure torsion (HPT)
Processing a thin disk sample and straining by applying severe hydrostatic pressure is
referred as high-pressure torsion. The working principle of HPT is depicted in Figure 1.2 [21].
Hydrostatic pressure is applied within the sample which was located in a cavity, and severe
straining can be accomplished by rotation of the anvils. Modified geometries of cavities are
generally used to attain higher pressures than 2 GPa. If there is no superficial flow of material, the
thickness of the disk remains unchanged and the torsional strain, γ, is given by γ= (r/h)Ψ , where
r is the radius from the center of the disk, Ψ is the angle of torsion (radians), and h is the thickness
of the sample. Another affiliation also exists that can reduce the value of h by a possibility of some
material flow between the two anvils [21]. In high-pressure torsion method, the equivalent strain
can be obtained by using ε= (1/a)γ relationship, where the coefficient ‘a’ takes the values from
Talyor theory for polycrystals or from plastic flow [10]. The disks used in traditional HPT
technique are used for small bulk nanomagnets with increased hard and soft magnetic properties,
arterial stents, and devices for microelectromechanical system (MEMS) applications. Few
researchers are making efforts to produce bulk amounts of large materials to extend HPT process
[22].

Figure 1.2: (a) Schematic illustration of HPT processing and (b) constraints used for obtaining
total strain in HPT process [11,53,54].
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Accumulative roll-bonding (ARB)
Traditional rolling technique is almost similar to the accumulative roll bonding (ARB)
technique, where the thickness of the material is mechanically condensed to half of the as-received
material thickness by rolling [23]. In order to achieve good bonding and smooth rolling, the rollers
are degreased and brushed before starting the process and sheets of material are rolled to half of
the original thickness. Larges strains in the material can be successfully attained by repeating the
sequence of rolling, cutting, brushing. It is possible to heat the material during rolling process but
should maintain below the recrystallization temperature. Low temperature would result in
insufficient ductility and bond strength. Threshold deformation to attain sufficient bonding can be
attained by considering minimum limit of thickness reduction. It is widely accepted that as the
temperature decreases, the threshold deformation reduces. If the homologous temperature of the
roll-bonding is less than 0.5, a good contact of joining can be attained by limiting >50%, which
means a material can be bonded with no recrystallization. For the accumulative roll bonding
process, the equivalent strain after N cycles, εN, is given by εN = 0.80N [23].

Figure 1.3: The principle of ARB [23].
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In the ARB process, there are two possible mechanisms which are potentially different
from other severe straining approaches. One of the most important mechanism is the severe shear
deformation below the surface and its effects. Another approach is the initiation of new interfaces
that subsequently show a well-developed fiber structure.
The advantage of ARB over other SPD processes are bulk production and ease of making
large and complex sized materials. In general, the NG/UFG structure obtained via ARB process is
not equiaxed, instead pancaked structure elongated in lateral direction. Regardless the specification
of metals and alloys, the microstructural feature obtained is same. ARB process can be successfully
implemented to metal-matrix composites (MMC) by roll-bonding the mixed powders [24].
Multi-directional forging (MDF)
Multi-directional forging (MDF) was similar to multiaxial forging for the formation of
nanograined/ultrafine grained (NG/UFG) materials in macroscale [25, 26]. The NG/UFG structure
in single phase alloys can be obtained by MDF via dynamic recrystallization.
Multi-dimensional forging means the application of mechanical pressure on a material in
different directions, including setting and pulling of the axis. The working principle of the
multidimensional forging in various axis is depicted in Figure 1.4. The uniformity of strain is
relatively low in MDF compared with HPT and ECAP techniques. As the process starts at elevated
temperatures and at relatively low specific loads, this technique can be successfully implemented
to obtain nanograined structures in brittle materials. In order to obtain high degree of grain
refinement, an appropriate choice of chemistry-temperature-strain-strain rate is extremely
desirable. The operational temperatures for this technique is typically between 0.1-0.5 Tm, where
Tm is the absolute melting temperature. The nanocrystalline materials of large-sized billets can be
successfully produced by this method [27].
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Figure 1.4: The working principle of multidimensional forging illustrates the setting and
forging of a material in different axis (a, b, c) first axis, (d, e, f) second axis, and (g, h, i) third
axis [10].
Cyclic extrusion and compression (CEC)
In a way cyclic extrusion and compression (CEC) technique is identical to ECAP process,
containing a cylindrical chamber of diameter do where the sample is pushed through another die
having smaller diameter dm, [28] and is illustrated in Figure 1.5. In CEC process, the material
experience a sequence of action during the process during a cycle i.e., first the material experiences
compression, next extrusion, and finally compression. The amount of true strain obtained in one
cycle can be quantified by:
∆ε = 4 ln (do/ dm).

(9)

The extrusion direction is reversed during the second cycle, which leads to similar
sequence of deformation modes.
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Figure 1.5: The principle of CEC [10]
This process can be repeated multiple times (N) in and out until the required true strain is
achieved (N∆ ε). The total strain applied on the material in a single cycle is ~0.4, and the ratio of
diameters (dm/do) is typically ~0.9. The extrusion and compression speed is extremely low (~0.2
mm/s) in order to control the heating of specimen to <5 K. Despite this, higher deformations is
attained with this method compared to any unidirectional SPD technique, the microstructure,
mechanical and physical properties are comparable because of the extra annihilation of
dislocations due to the cyclic character of the straining [29].
Repetitive corrugation and straightening (RCS)
In recent past, repetitive corrugation and straightening process was developed and
employed to obtain nanostructured material in copper. Later, the procedure was extended for grain
refinement in aluminum alloys also. This procedure can produce an approximate initial grain size
of about 760 µm [55,56]. The process is a two-step process which involves repetitive corrugation,
where the sample will be strained to a corrugated shape and straightening, where the deformed
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sample will be straightened. Straightening is accomplished by placing the sample in-between two
flat platens using processing cycle which is performed several times until the desired grain size is
obtained. Figure 1.6 explains the RCS facility and the working principle. The grain refinement of
the sample is achieved by both bending and shear induced into the material [55,56].

Figure 1.6: The principle of RCS [10, 55, 56].
Advantages of RCS process are production of nanostructured materials is continuous and
more economical. Machining a series of corrugating teeth into the rollers are not difficult and
hence can be implemented in conventional rolling mill. Also, this process can be customized to
commercial rolling facilities. Further research is required to develop the technique, as it is still in
its early stages, to be an established SPD technique for producing nanostructured materials. But it
should be taken care that designing equipment and processing schedule leads to microstructural
homogeneity of the material.
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Twist extrusion
Twist extrusion grain refinement process was introduced in the year 2004. The principles
of this process is illustrated in Figure 1.7. The sample is pushed through the extrusion die while it
is twisted at a desired angle. The cross-section of the die for extrusion maintains the shape and size
of the sample. Also, the twisting angle is along its longitudinal axis, so the size and shape of the
sample can be recovered after every pass. Therefore, the process can be repeated several times for
excellent grain refinement [57].

Figure 1.7: The principle of twin extrusion [10,57].
One of the biggest limitation in this process is the microstructural heterogeneity. The
plastic strain induced to the material is not homogenous across the cross section, instead it
increases with the distance away from the axis. The regions located far from the axis get refined
more than the closer ones. This leads to non-uniform mechanical properties with center having the
lowest strength. But, the microstructural homogeneity can be enhanced by increasing the number
of passes. Another disadvantage is that circular geometries are not possible, only different crosssectional shapes can be refined.
12

1.3

Properties of nanostructured materials
The unique properties of nanostructured materials are derived from its exceptional

microstructural constituents. These unique mechanical and physical properties facilitates the
utilization of nanostructured materials for many commercial applications. The materials fabricated
through SPD process greatly elevates the tensile and yield strengths of the nanostructured materials
over conventional materials. It is estimated that ~25-100% of tensile strengths are enhanced for
nanostructured materials via SPD. In addition to the tensile strength, grain refinement can also
improve the fatigue resistance, and superplastic behavior depending on the type of alloy and
processing conditions. Although the mechanisms of grain refinement of different alloys behave
differently, it is widely accepted nanostructured materials of optimum grain size can significantly
improve the mechanical and physical properties over conventional counterparts [30-35].
1.3.1

Strength and ductility

In traditional coarse-grained alloys, the strength of the material usually follows the HallPetch relationship, i.e., yield strength of a material is inversely proportional to square root of grain
size.
σ = σ0 + Kd-1/2

(1)

where σ is the strength, d is the grain size, and σ0 and K are constants.
Nanostructured materials do not obey Hall-Petch relation and results in slower strength
increment with decrease in grain size. The materials after a critical grain size follow inverse HallPetch relationship [36]. Extremely small grains are not recommended to achieve a high strengthhigh ductility combination. Ductility usually decreases with decrease in grain size (Figure 1.8).
Nanostructured materials having a grain size less than 20 nm may experience lower strength and
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lower ductility compared to coarse-grained materials. In order to achieve good strength and
ductility combination, nanostructured materials of optimal grain size is recommended.

Strength

Hall-Petch Inverse Hall-Petch

Reduction in Grain size
Figure 1.8: Graphical representation of strength with decrease in grain size.
The processing method can also significantly affect the strength and ductility. Oxidation,
and porosity are the key defects for the brittle nature of nanostructured materials processed by
consolidation of nanopowders [37]. Materials processed via electrodeposition can also experience
brittle nature as a result of impurities from the electrolyte. Whereas, the materials fabricated
through SPD techniques are usually impurity free and porosity free results in high strength-high
ductility combination. The combination of high strength-high ductility rarely exists in a material.
Therefore, the nanostructured materials processed via SPD are attractive for aerospace, automotive
applications. There are many researches presently involved in finding exact mechanism for
achieving good mechanical properties, but it is generally acknowledged that the nature of
microstructures control the deformation mechanism to understand the mechanical behavior of
materials.
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1.3.2

Fatigue strength and wear resistance

Even though high strength-good ductility combination is the most important properties for
every material, there are few other properties such as fatigue strength and wear resistance should
be considered for all structural applications. The fatigue strength is being one of the important
mechanical property, several metals processed via SPD technique have a superior high-cycle
fatigue life due to high strength but a shorter low-cycle fatigue life because of relatively low
ductility compared with conventional materials [38]. In order to improve the fatigue life of the
nanostructured materials, annealing can be performed after SPD processing which results in
increased ductility without losing the strength significantly. It is widely accepted in the literature
that by annealing the material at optimal temperatures the ductility can be enhanced with minimal
reduction in strength.
One of the conventional methods used to improve the fatigue life of coarse-grained
materials is shot-peening, which essentially puts the surface of the material under residual
compression thereby enhances the hardness. But this technique is ineffective for nanograined
materials [39].
The wear resistance of nanostructured materials are superior due to their higher hardness
compared with coarse-grained counterparts. Recent experiments on nanograined low-carbon steel
where the wear resistance was increased supports the above stated fact [40]. Experiments suggest
that nanostructured materials have lower friction coefficients [40, 41].
1.3.3

Thermal stability

It is expected that nanostructured materials elucidates low thermal stability due to high area
fraction of grain boundaries and more dislocations. Surprisingly, the nanostructured materials
processed by SPD techniques displays comparably satisfactory thermal stability. For instance,
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nanostructured Ti processed via ECAP+rolled can be annealed at 400oC without losing the strength
[42]. So, Ti is one of the most efficient alloy in terms of many applications such as medical
implants.
1.3.4

Corrosion resistance

There is no major contrast in the corrosion resistance of nanostructured materials when
compared with coarse-grained materials, as suggested by many researchers. But, due to the more
uniform nature of corrosion, nanostructured Ti has better corrosion resistance than coarse-grained
counterpart [43]. High defect density inside the grains tends to equilibrate the energies across the
material, leads to a more uniform corrosion. This enhances the corrosion resistance of
nanostructured Ti [44]. In case of conventional Ti alloy (average grain size in the range of mm to
µm), the dissolution of the material is entirely focused at the grain boundaries. This is because
grain boundaries have energies higher than the grain itself.
1.3.5

Physical properties

Optical and magnetic properties are unique for amorphous and nanostructured solids. Grain
size plays a major part in altering the physical properties. There will be change in color and/or
transparency in the solids as the grain sizes change from amorphous to the nanometer range [45].
It is found that nanostructured magnetic materials have lower Curie temperature and lower
saturation magnetization than their coarse-grained counterparts. Such alloys with very good soft
magnetic properties can be made with specific core loss, time variability of core-loss, and low
magnetostriction. Amorphous Fe and Co are prime examples of those alloys having soft magnetic
property. They can be easily casted into cylinders or melt-spun into ribbons and hence are used for
high frequency transformers, magnetic heads, etc. [46].
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1.3.6

Superplastic behavior

In general, superplastic materials have the ability to sustain high degree of plastic
deformation (≥100%) [16,47,48,49]. Among many criteria’s for superplasticity, one of the
important requirement is fine-grained structure. The curiosity in superplasticity comes from the
fact that, with relatively inexpensive forming methods complex shapes can be achieved,
particularly if the temperature of deformation can be reduced. However, in many
nanograined/ultrafine-grained (NG/UFG) alloy systems, due to the lack of strain hardening ability
ductility is limited [16,50,51]. As grain boundary sliding is widely considered as an important
deformation mechanism to explain superplastic behavior, it is contemplated that superplasticity
can occur in NG/UFG alloy systems with high rate of strain hardening ability and high fraction of
grain boundaries. Due to the nanograined structure, the number of grain boundaries involved in
sliding is usually high, which confirms grain boundary sliding as the important mechanism of
superplasticity [16,52].
Recently, we have studied the superior superplastic behavior of NG/UFG materials.
Through the study of deformation and fracture in low carbon microalloyed steel, we have explored
the mechanism of low temperature superplasticity (below 0.5Tm) [16].
1.4

Deformation mechanisms
Slip and twinning are the two main deformation mechanisms in metals and alloys where

plastic flow occurs. These deformation mechanisms can be sub-classified into many types as
follows.
1.4.1

Slip by dislocations

Slip is considered as the primary mode of plastic deformation. Dislocations are considered
as the extra vertical half plane of atoms inserted into the perfect crystals. Dislocations are
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considered as the line defects. Figure 1.9 illustrates the dislocation glide mechanism for an edge
dislocation. Initially, the atom A is equally attracted to the atoms B and C as shown in Figure 1.9a.
The shear forces are applied on the crystal on top and bottom faces in <100> direction. After the
application of stress the atom A is attracted to atom C (Figure 1.9b), that is the extra vertical half
plane of atoms moves right to one atomic position. This process continues and dislocation moves
on application of stress. This dislocation motion is a conservative process. The plane containing
the dislocation is called slip plane, the direction dislocation moves is called slip direction. The
magnitude and direction of the dislocation in a crystal lattice is called burgers vector ‘b’. This is
the process of plastic deformation through glide mechanism for an edge dislocation [58].

Figure 1.9: Schematic of dislocation glide process [58]

18

It is widely accepted in the literature that the frictional stress required for the dislocation
motion is always much less than the theoretical stress. Peierls and Nabarro have calculated the
frictional stress, it is given by

𝜏𝑓 = 𝐺 𝑒𝑥𝑝

−2𝜋𝑤
𝑏

(1)

where G is shear modulus, v is Poisson’s ratio, w is the width of dislocation. The frictional stress
decreases with increase in width of dislocation.
1.4.2

Dislocation climb

Another mode of plastic deformation due to dislocation is called dislocation climb. This is
a non-conservative motion. Figure 1.10 illustrates the dislocation climb mechanism. In Figure
1.10a, the atom in the extra vertical half plane dislocation exchanges the position with the vacancy
and climbs by one atomic layer. If the vacancy below the partial plane exchanges with the atom
opposite climb occurs (Figure 1.10b). In order to form a line normal to the slip plane, this climb
process must be repeated for several times. As the climb process mainly involves vacancydiffusion activation energy, it typically occurs at elevated temperatures. Dislocation climb is a
dominant mechanism of plastic flow for the alloys deformed at high temperatures.

Figure 1.10: Schematic of dislocation climb mechanism.
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1.4.3

Deformation induced martensite (TRIP effect)

Martensite transformations happen in metals and alloys that can undergo phase
transformations. Chemical free energy difference between the austenite phase and martensite
phase is the driving force for the formation of deformation induced martensite (Figure 1.11).

Figure 1.11: Schematic illustrating the chemical free energy difference in martensite and
austenite phases as a function of temperature.
Work hardening and formability properties can be dramatically increased by deformation
induced martensite [1]. This deformation mode is an important mechanism for FCC steels,
especially metastable austenitic stainless steels. Deformation induced martensite can be obtained
by one of the possible transformation routes as mentioned below
𝛾 → 𝜀 → 𝛼′
𝛾 → 𝛼′
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The austenite to ε-martensite transformation causes decrease in volume resulting in tensile
stress, and ε-martensite to α’-martensite transformation results in volume increase by compressive
stress [59]. It is generally believed that α’-martensite nucleates from the intersections of εmartensite, where Kruml et al. [1,60,61] has verified this phenomena and derived the orientation
relationships as follows:
{111}γ // {0001}ε // {1101}α’
<110>γ // <2110>ε // <111>α’

Figure 1.12: Schematic illustrating the transformation of stress-assisted and strain-induced
deformed martensite [62].
The transformation of austenite to martensite phase by deformation can be directly related
to the austenite stability of the material. The parameters required to measure the austenite stability
are Ms – athermal martensite start temperature, Msσ – temperature at which α’-martensite starts to
form, Md30 – temperature at which 30% tensile deformation induces 50% of austenite to martensite
transformation. For stainless steels, Md30 is often used to describe the austenite stability and this
21

value can be calculated from chemical composition of the steel. Figure 1.12 represents the
formation of deformation induced martensite by stress-temperature plots.
Olson and Cohen [63] studied the aspects of deformation-induced martensite via exploring
stress-assisted and strain-induced martensite. Stress-assisted martensite will form before the
austenite starts to yield by the aid of applied stress. The martensite transformation occurred during
or after plastic flow of austenite is called strain-induced martensite. In austenitic stainless steels,
the nucleation of deformation-induced martensite can happen at the intersections of shear bands,
overlapping of stacking faults, ε-martensite, and twins. In case of strain-induced martensite,
driving force for nucleation comes from the internal stress generated due to dislocations pile-up at
the intersections of shear bands.
From the aforementioned discussion, we can understand the deformation-induced
martensite usually nucleates at the intersections of shear bands. So, it is relevant to discuss some
aspects related to shear bands. In nanocrysalline metals and alloys, shear band formation is an
important characteristic feature during deformation. Coalescence of nanograins is one of the
important root cause for the formation of shear bands. Figure 1.13 illustrates the equiaxed
nanograins upon rotation forms non-uniform elongated grains which acts as a preferred path for
the plastic deformation. This is due to the aid of extensive transit by dislocations.
The deformation mechanism of a material usually alters if there is a severe grain refinement
to ultrafine grain regime. It is believed if the average grain size less than 300 nm, by straining the
material shear band formation takes place and eventually these shear bands leads to the formation
of deformation-induced martensite. The strain hardening behavior of a material can be altered with
the change in grain size. Wei et al. [64] has conducted high strain rate and low strain rate tests in
polycrystalline iron and shear bands were observed. It was noted that under similar loading and
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operating conditions the polycrystalline material does not display localized deformation. Low-rate
compression tests were conducted on polycrystalline iron and deformation experiments were
explored as a function of grain size, Figure 1.13 [64].

Figure 1.13: Image represents variation of deformation behavior in a nanograined/ultrafinegrained (NG/UFG) iron w.r.t grain size under similar loading and operating conditions in a
uniaxial compression test, (a) exhibits uniform low rate deformation (average grain size (d) =
980 nm), (b,c) low-rate and high-rate non-uniform deformation when average grain size = 268
nm [64].
The deformation-induced martensite will nucleate and grow with an expense of cold
rolling. In general with an increase in %cold reduction the volume fraction of martensite increases.
However, the relation between cold rolling and martensite depends on chemical composition of
the steel [65]. As shown in Figure 1.14, at 60% cold rolling the volume fraction of martensite
formed in AISI 301 stainless steel was ~75%, whereas 100% martensite was formed in 301LN
austenitic stainless steel. In the present research we have chosen AISI 301LN austenitic stainless
steel as the primary material to study.
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Figure 1.14: Volume fraction of deformation-induced martensite as a function of %cold
reduction [65].
The ability of a steel to form deformation induced martensite from parent austenite is called
transformation-induced plasticity (TRIP) effect. These steels generally have a high strength-high
ductility-high toughness combination. Superior strength and toughness can be attained from
martensite transformation, whereas high ductility is a result of retained austenite [66]. Figure 1.15
illustrates the size of the martensite is effectively governed by austenite grain size.

Figure 1.15: Schematic of deformation induced martensite transformation in parent austenite
matrix [67].
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1.4.4

Partial dislocations and stacking faults

In FCC materials, intrinsic stacking faults forms as a consequence of dissociation of perfect
dislocation into two partial dislocations. As shown in Figure 1.16, a portion of {111} slip plane
along with Burgers vector 𝑏̅ = (a/2)[1̅01] is observed. The easiest path for the slip is if the
dislocation splits into two partial steps. So, if the slip occurs by partial steps they are called as
partial dislocations. The energy of a dislocation is reduced by splitting, and the formation of
partials are favored by strain energy.
For example, the Gb2 value for a dislocation in [1̅01] direction is Ga2/2 (=(Ga2/4)(1+0+1))
and the sum of two partials in [2̅01] and [1̅1̅2] directions is Ga2/3. In this case, the dissociation of
a perfect dislocation into partial dislocations is expected on the strain energy basis and the total
free energy of the system will be reduced [58].

Figure 1.16: Schematic illustrating dissociation of a perfect dislocation into partial steps
(Shockley partial dislocations) [58].
For an FCC material, the stacking sequence of atoms is ABCABCABC in {111} planes.
When a perfect dislocations splits into partials, intrinsic stacking faults will nucleate and grow in

25

between those two partials and disturbs the stacking sequence. Extrinsic stacking fault is formed
by the interaction of two intrinsic stacking faults. It is widely accepted that the partials always
repel each other giving scope for stacking fault to form. In austenitic stainless steels, due to the
low stacking fault energy (SFE) very large and extended stacking faults are usually noticed. The
width of the stacking fault ‘w’ can be determined by [68]
w = G(b2 x b3)/2πγ = Gbp2/4πγ
where G is shear modulus, b2 and b3 are the Burgers vector of the partial dislocations, bp is absolute
value of partials and γ is stacking fault energy.
1.4.5

Deformation twinning (TWIP effect)

In general there are two types of twinning called annealing twins, and deformation twins.
Annealing twins are not the aspect of our research. Formation of twinning during deformation of
a material is called deformation twinning. Deformation twinning is considered as the secondary
mode of plastic deformation, while slip is the primary mode.

Figure 1.17: Schematic of atomic displacements associated with twinning.
The deformation twins is a significant concern in many metals and alloys. Figure 1.17 [58]
illustrates the schematic of atomic displacements associated with twinning. The atoms above the
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twin plane move in a coordinated manner to produce mirror image of the crystal. Twinning is
associated with cooperative dislocation displacements, while slip is due to uncoordinated glide of
dislocations.
Deformation twins are generally nucleated by overlapping of instrinc stacking faults. High
resolution TEM image shows the presence of twin nucleus in the interior of nanocrystalline Al
alloy (Figure 1.18) [69]. As shown twinning is nucleated by partial overlapping of stacking faults
and there by grow in size [69,70]. Wu et al. has suggested the stacking fault was initially nucleated
from the grain boundary and propagates towards grain interior. Partials separated by stacking faults
slips towards the grain boundary and incidentally overlapped with stacking faults results in
formation of two-layer twin nucleus [69,71].

Figure 1.18: HRTEM image illustrates the nucleation of deformation twin by overlapping of
extended dislocations within the grain of nanocrystalline Al alloy [69,70].
In FCC metals, formation of deformation twinning is largely dependent on stacking fault
energy (SFE) of a material. For instance, FCC metals having high stacking fault energy such as Al
and Ni deform by dislocation slip, while metals such as Ag usually deform by twinning [69,73].
In addition to the SFE of a material, there any many external factors that will greatly influence the
formation of deformation twins (discussed in next section). Grain size plays an important role for
the formation of twinning. Nanocrystalline FCC metals with medium to high stacking fault energy
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are generally more prone to deform by twinning [74]. The deformation twinning in nanograined
FCC material is due to the emission of partial dislocations from grain boundaries [75-77].
1.5

External factors affecting deformation mechanisms
The material parameters such as, chemical composition, grain size, austenite stability,

stacking fault energy will greatly influence the deformation properties. The material properties are
interrelated to one another, where stacking fault energy of a material is dependent on chemical
composition, and austenite stability is dependent on grain size, and chemical composition. In
addition to the material properties, deformation mechanisms can be altered by external conditions
such as, temperature, strain, strain rate etc. The deformation conditions that can influence the
plastic behavior is briefly summarized below.
1.5.1

Temperature

Olson and Cohen [78] suggested that with increase in temperature the SFE of a material
will be increased. Nagy et.al and Byun et. al [79, 80] proves that there is an significant effect on
temperature on the formation of strain induced martensite. This was confirmed by Angel [81] on
18/8 type stainless steel during uniaxial tensile deformation, as shown in Figure 1.19. The test was
carried out within the temperature range of -188oC to 80oC with increasing strain. The volume
fraction of martensite gradually increases with decrease in temperature. When the temperature is
below 0oC, almost 100% of martensite was observed even at early stages of deformation (minimum
plastic strain).
Not only strain induced martensite, but also deformation twinning of a material is greatly
influenced by temperature. It is widely accepted that the effect of twinning and the volume fraction
of twinning increases with decrease in temperature [58].
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Figure 1.19: Representing volume fraction of deformation martensite as a function of plastic
strain and temperature in 18/8 austenitic stainless steel [81].
1.5.2

Strain rate and strain

Ferreira et al. [82] suggested that higher strain rates makes the plastic deformation of a
material easier. They conducted the research on 304 stainless steel and found that stacking faults,
deformation twins, ε-martensite of a material can be enhanced with increase in strain rate.
Hedstrom et al. [83] conducted uniaxial tensile tests on 301 stainless steel and found the strain
induced martensite of a material is initiated at lower strains at higher strain rate, but the overall
volume fraction of martensite is less compared to lower strain rates. This suppression of martensite
could be probably due to adiabatic heating of a material [83, 84]. On the other hand, the increment
in twinning is due to the ease of partial dislocation emission at higher strain rates [82].
The deformation of a material can be enhanced by increasing strain. From Figure 1.19, the
volume fraction of deformation martensite gradually increases with increase in total plastic strain
Angel [81].
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Figure 1.20: Volume fraction of mechanical twin versus total plastic strain [85].
Recently Dini et. al [85] conducted research of high manganese TWIP steels and confirms
that deformation twinning of a material can be dramatically increased with plastic strain, as shown
in Figure 1.20.
In this context, we explored the dependence of deformation mechanisms on grain size,
austenite stability, strain rate, and strain in this dissertation.
1.6

Preliminary work
The target of achieving high strengths by grain refinement is successful by employing

various severe plastic deformation techniques via processing nanostructured materials. The
superior strength of a material is obtained by compromising the ductility. The low ductility of a
nanograined material is believed to be due to the obscene of accommodation of high density of
dislocations and instability in the material [86, 87, 88]. One of the best methods to obtain high
strengths without compromising ductility is having a bimodal grain size distribution. In that case,
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fine grains will enhance the strength and large grains will sustain the ductility resulting in high
strength-good ductility material.
In the recent past, our research group have developed a concept called phase-reversion to
obtain high strength-high ductility material [89-92]. This phase-reversion is a controlleddeformation annealing process, which involves severe cold deformation of metastable FCC
austenite to strain-induced martensite. After severe deformation the material was subjected to
annealing at desired temperatures results in martensite reverts to austenite via diffusional or shear
reversion depending upon the chemical composition of the steel [89-92]. The phase-reversion
concept will be further discussed in experimental procedure section in detail. Controlling and
optimizing the experimental conditions, such as, degree of cold deformation, annealing time and
temperature are the key for the successful adaptation of the process. As mentioned earlier, the
material of selection for this study is AISI 301LN austenitic alloy.
To optimize the degree of cold deformation 301LN austenitic alloy was subjected to 45%,
62% and 77% reductions [90]. On cold deformation of metastable austenite alloy to 45% we
readily observed lath and dislocation cell type martensite [90]. Small volume fractions of retained
austenite was also observed after 45% reduction. The lath and dislocation cell type martensite are
forms of deformation induced martensite and can be easily characterized with the help of
diffraction patterns. The spot pattern from selected-area electron diffraction (SAED) identifies the
lath type martensite, whereas dislocation cell martensite was characterized by ring type pattern
[90]. The dislocation cell-type martensite was formed due to heavy deformation of lath martensite
(Figure 1.21) [90].
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Lath-type martensite

Dislocation- cell type martensite

Figure 1.21: TEM image of 45% cold rolled material illustrating lath-type and dislocation celltype martensite [90].
On further increase in cold reduction to 62%, it leads to significantly lower fraction of lath
type martensite and heavily dominated by dislocation cell-type martensite [90]. This was
confirmed by transmission electron microscopy (TEM) studies and SAED pattern, Figure 1.22.
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Figure 1.22: TEM image of 301LN austenitic alloy severely cold deformed to 62% showing
dislocation cell-type martensite and confirmed by diffraction pattern image [90].

33

With increase in cold rolling from 62% to 77%, the microstructure observed was
predominantly dislocation cell martensite. This was observed with the help of transmission
electron microscopy and confirmed by diffraction ring pattern, Figure 1.23 [90]. It is believed that
with cold rolling, there will be a decrease in size of lath martensite and increase in dislocation
density leading to dislocation cell-type martensite.

Figure 1.23: TEM micrographs illustrates the dislocation cell-type martensite after cold rolling
to 77% [90]. SAED confirms the presence of dislocation cell-type martensite.
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Figure 1.24 illustrates the volume fraction of lath type martensite and dislocation cell-type
martensite at various degree of cold deformation [90]. It is clear that increase in cold deformation
results in predominantly dislocation cell-type martensite. This concept will be further explained
with the help of schematic in next section. The formation of dislocation cell martensite is always
an advantage, because it acts as a nucleating site for the formation of new grains during annealing
process, leading to fine grain structure.

Figure 1.24: Relation between % cold reduction and volume fraction of deformed martensite
[90].
The volume fraction of martensite was approximately same for 62% and 77% reduction,
which is 98% and 99% respectively. The fraction of martensite with 45% cold reduction is 62%
[92]. The formation of NG/UFG structure can be more easily formed with high degree of cold
deformation [90].
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To further understand the degree of cold deformation vs reverted austenite formation, the
45% and 77% cold rolled steels were annealed at 700oC and estimated by magnetic measurements
[90]. Interestingly for 77% cold rolled steel after annealing at 700oC almost 100% reverted
austenite was formed at the early stages of annealing (~6 seconds). However, for 45% cold rolled
steel austenite was not completely reverted after annealing at 700oC for 100 seconds [86]. This
was summarized in Figure 1.25 below [90]. This shows high degree of cold deformation fosters
the kinetics for the formation of reverted austenite.

Figure 1.25: Effect of cold deformation on the formation of reverted austenite as a function
temperature and time [90].
The major advantage of the phase-reversion concept is we can obtain a variety of grain size
materials by varying the annealing temperature and time. This concept will be further explained in
experimental procedure section in detail. Obeying this concept, nanograined/ultrafinegrained
(NG/UFG) and coarse-grained (CG) materials were processed by varying annealing temperature.
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Nanoindentation experiments were carried out on these materials with a constant load of 2 µN/s
[93]. Load-displacement plots were obtained for NG/UFG and CG materials by nanoindentation,
presented in Figure 1.26 [93]. For both the materials, point 1 (called as pop-in) is visible. The first
pop-in is the measure of elastic point, which is below point 1 it is elastic region and after point 1
it is plastic region. Interestingly in CG material, besides pop-in 1 there are five more pop-ins are
observed. It is believed that each of these pop-in is the representative of phase transformation [93].

Figure 1.26: Load-displacement plot of NG/UFG and CG materials obtained via
nanoindentation illustrating the phase-transformation in CG alloy [93].
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The figure summarizes that even though the starting material and chemistry was same for
both NG/UFG and CG alloys, the deformation mechanism could be different. So, obeying this
results we explore the deformation behavior as a function of grain size and chemical composition
in detail with the help of electron microscopy.
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Chapter 2
Materials and Methods
2.1

Phase-reversion approach: An innovative processing route to obtain NG/UFG
austenitic alloy
We have recently obtained high strength-ductility combination in NG austenitic alloys

using the innovative concept of phase reversion-induced NG materials [89-94]. Phase-reversion
concept is used to obtain a variety of grain size materials from a commercial single material. The
material of our selection for the present study was AISI 301LN austenitic stainless steel, and Fe16Cr-10Ni austenitic stainless steel.
Phase-reversion is a controlled deformation-annealing concept, which involves severe cold
deformation (~62% deformation for present study) of metastable FCC austenite to strain-induced
BCC martensite. Upon annealing at ~700-900oC for short durations (~10 s), the martensite reverts
to FCC austenite via shear or diffusional reversion depending on the chemical composition of the
steel, without effecting the texture [89-94]. The phase-reversion concept is depicted in the Figure
2.1.

Temperature

RD

Deformation induced martensite

Phase-Reversion Annealing

Austenite (γ) Cold Reduction
(CR)
Metastable
Austenite (γ)

Martensite

NG/UFG
Austenite

STARTING ALLOY

Time
Figure 2.1: Schematic of phase-reversion concept to obtain NG/UFG structure [89-94].
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The success of this approach in obtaining a variety of grain size materials (especially
NG/UFG structure) depends on the predominance of dislocation-cell type structure in the severely
deformed martensite (Figure 2.2). If the lath martensite oriented in a particular direction and that
group of martensite is referred as packet. On further cold rolling of lath martensite, the packets are
heavily populated with dislocations arranged themselves as sub-grains. The dislocation sub-grains
are referred as dislocation cell-type structure. This dislocation cell-type structure acts as a
nucleating site for the formation of new grains during annealing process, which leads to fine grain
structure [89-94]

Figure 2.2: A schematic of refinement of packet and lath size for dislocation cell-type
martensite during cold deformation [89-94].
The concept enables us to explore deformation mechanisms in a single material from CG
to NG regime, using identical processing parameters. It is also capable to produce bulk quantities
of defect-free materials. Furthermore, the concept was successfully extended to microalloyed
steels, where the ferritic microalloyed steel was heated in the austenite range and quenched to
obtain martensite. The martensite structure was subsequently cold deformed to 75% reduction via
multiple phases and phase reversion annealed to obtain ultrafine-grained ferrite [16].
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2.2

Average grain size distribution
We adopted two methods to measure the grain size from the point of view of grain size

distribution – average grain size and weighted average grain size [95]. In the first approach, the
average austenite grain size was determined by analyzing at least 100 grains in the micrographs to
determine the mean linear intercept grain size, d . In the second method, with focus on grain size
distribution, weighted average grain size, d w was measured. Here, about 100 grains were
distributed in bins 250 nm (0.25 μm) in size. A bin of 250 nm was selected to optimize the
statistical data. A small bin size results in poor statistical accuracy, while a large bin size masks
the effect of small grains. Based on the range of grain size present, an optimum bin size of 250 nm
(0.25 μm) was selected. The bins were defined as B = (b1, b2,…,bN), where b1 = 0 to 250 nm (0.25
μm), b2 = 0.25 μm to 0.50 μm,…, bN = 24.75 μm to 25.00 μm. Subsequently, the number of grains
belonging to each of the ith bin was counted from a sample of 100 grains. Denoting the number of
grains in the ith bin as ni and dividing it by the total number of grains, N, the weight of the ith bin
is given by [96]:

n
wi  i
N

(1)

Moreover, the square root of the areal mean of ni grains in the ith bin gives the average grain size,
d i , for the ith bin. Knowing d i and wi, the weighted average grain size of the sample is calculated

by [96]:
N

dw =

 wi d i

i 1
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(2)

2.3

Deformation experiments
2.3.1

Nanoindentation

To fundamentally understand the deformation mechanisms in a coarse-grained (CG) and
nanograined/ultrafinegrained (NG/UFG) material, we have conducted nanoscale deformation
experiments using nanoindenter for the following reasons [97-102]. In nanoindentation, when the
indenter tip (20 nm radius in our case) is too small to produce a highly stressed volume beneath
the indenter, the fundamental processes underlying discrete deformation in a small volume of the
material is envisaged to have a low probability of encountering pre-existing dislocation prior to
the commencement of plastic deformation (Figure 2.3). Furthermore, the tested volume is scalable
with respect to the microstructure [97,98].

Figure 2.3: Motivation behind using nanoindentation to explore nanoscale-deformation
experiments. Schematic illustrating nanoindentation was performed in the center of a grain.
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Given that the nanoindents were to be subsequently examined by TEM for studying
deformation mechanisms and associated microstructural evolution, the following procedure was
adopted. First, 3 mm disks were punched from the experimental steels. To ensure that the
nanoindents were distributed along the thin area of the disk for examination via TEM, a
modification of twin-jet electropolishing and a new design of sample mounting for
nanoindentation were developed. The disks were partially jet electropolished in a refrigerated
electrolyte of 10% perchloric acid in acetic acid at 25 V for ~30 s to obtain a shining surface in the
center part of the 3 mm disk. The procedure of placing horizontally partially electropolished disks
of ~30 m thickness inside the ~4 mm diameter pits drilled on the polished basal surface of an
aluminum block of diameter ~25 mm was the following: In brief, the ~4 mm diameter pits were
partially filled with the solder. Next, the surface was polished prior to placing the partially polished
disk on top of the solder. This was followed by placing a transparent tape around the disk (foil
specimen) to prevent its movement during nanoindentation experiments. This carefully designed
approach fully supported the specimen to withstand the applied force of the nanoindenter and also
prevented the specimen from bending during nanoindentation experiments [95].
Nanoindentation experiments were carried out in displacement-controlled mode at strain
rates in the range of 0.05-1/s. The maximum displacement was set to 200 nm. The nanoindenter
system (MTS XP) consisted of a Berkovich three-sided pyramidal diamond indenter with a
nominal angle of 65.3o and indenter tip radius of 20 nm. An array of indents of matrix 12×12 was
defined with the indent gap of 10 µm. After the indentation experiments, the disks were removed
from the mount and final electropolishing was carried out only from the side opposite to the
indented surface. Using this procedure, the area surrounding the indents, which is present along
the final jet-polished hole, was electron transparent to study the deformation behavior using a TEM
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(Hitachi H9500 at 300kV, and Hitachi H7600 at 120 kV). A schematic illustration of the
experimental procedure including sample preparation for nanoindentation experiments and
subsequent examination of the plastic zone by TEM is presented in Figure 2.4 [95].

Figure 2.4: Schematic illustration of experimental jet-polishing procedure for nanoindentation
experiments.
Considering that even small indentations are envisaged to have strain-gradient distribution
within the plastic zone size, we therefore focused on acquiring specifics of deformation structure
by transmission electron microscopy approximately from the center of the plastic zone for each of
the two materials (NG/UFG and CG). The plastic zone size was similar for the two materials with
elongation-to-fracture and strain hardening behavior being similar [92]. This was physically
accomplished by moving the electron beam and/or specimen foil in small steps from region close
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to the indenter tip to the region where deformation was nearly absent. This enabled us to
approximately locate the center of the plastic zone. Thus, the deformation structures described here
approximately correspond to the center of the plastic zone for both the materials.
(a)

(b)

Figure 2.5: Illustrates indent in a CG sample. The arrow shows deformation structures identified
in (a).
The indentation strain is the ratio of the contact radius and the indenter radius, where the
contact radius is proportional to the displacement or depth of penetration. The displacement for
both the CG and NG materials at the strain rates studied was in the narrow range of 175-200 nm,
consistent with similar elongation-to-fracture of the two materials, except that the load required to
obtain a specific strain or displacement was greater for the NG material compared to the CG
counterpart. Furthermore, based on finite element analysis of nanoindentation process with
Berkovich nanoindenter, with equivalent indentation plastic strain varying from ~ 0.002 – 0.2, we
estimate that the indentation strain in the center of the plastic zone to be ~0.05.
Prior to nanoindentation experiments, we ran a compliance calibration for the set-up and
the tip was calibrated using fused silica provided with the instrument and making calculations from
the load, displacement, and stiffness data.

45

The data presented in the manuscript was carefully analyzed and checked for excellent
reproducibility of the “deformation data (i.e., strain rate data)” and “indentation-induced
deformation structures”. We carried out a number of experiments for each set of conditions,
followed by extensive TEM studies on at least 5 foils for each set of experimental condition.
2.3.2

Tensile testing

Tensile test were conducted by machining phase reversion annealed specimens with a
profile of 25 × 25 mm and 20 mm gage length. This non-standard geometry is because of the
narrow uniform annealed zone in Gleeble samples. To study the deformed microstructure as a
function of strain, the tensile tests were interrupted at selected engineering strain of 0.02, 0.1 and
0.2 (i.e, true strain of 0.02, 0.096, and 0.182). Area close to the highly stressed region within the
gage length was used for the preparation of transmission electron microscope (TEM) foils from a
number of tensile-tested specimens for each condition. The specimens were examined in TEM
Hitachi H9500, and Hitachi H7600 operated at 300kV and 120 kV, respectively. Thin foils were
prepared by twin-jet electropolishing of 3 mm disks, punched from the specimens, using a solution
of 10% perchloric acid in acetic acid as electrolyte. A number of foils were examined for each
experimental condition [103].

2.4

Metallography
Metallography is an art of investigating the microstructural features of a sample within

micro/nanoscale level by grinding, polishing and etching. The features observed here help in
understanding the structure-property-performance relationship that are effectively used in
industries and other practical applications. After processing the metal or alloy, metallography
techniques are used to identify the imperfections such as inclusions, presence of different phases
in the material, failure analysis of the specimen. Subsequent to preparation, different etching
methods are implemented that helps to highlight macro and microstructural features. In order to
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investigate features in micro or nanoscale, the samples are either examined under optical
microscope or electron microscope such as scanning electron microscope (SEM) which majorly
confided to topographical features & compositional analysis and transmission electron microscope
(TEM) which is capable to show crystal structure, dislocations etc. Other features such as phase
transformation, size of inclusions and precipitates, porosity, surface coatings and their thickness,
defects, etc., can also be investigated via light and electron microscopy.
Compared to light microscope where it uses light to illuminate specimens, the electron
microscope offers greater advantages. Other than having high resolution and magnification,
electron microscopes also enables to view the features in three dimensional. With SEM capable of
showing structural features and TEM revealing about internal structure, there is major opportunity
to expand our spectrum of knowledge to another level. The major disadvantage of the electron
microscopes is that they are extremely expensive and maintenance cost is high. The specimens are
supposed to be dry and must be operated under high vacuum.
2.5

Sample preparation
The samples must be prepared properly in right sequence to achieve good results.

Procedure for metallographic analysis is done in 5 stages:
1.

Documentation,

2.

Sectioning and cutting,

3.

Mounting,

4.

Grinding and Polishing, and

5.

Etching.

47

2.5.1

Documentation

Proper documentation is necessary in order to know the initial specimen condition and the
proceeding micro structural analysis. Information about the heat treatment conditions, processing
parameters, chemical composition must be collected for better understanding.
2.5.2

Sectioning and cutting

Size restraints are placed on certain materials in order for them to be examined under
various microscopes or analyzed by a variety of chemical techniques. Depending upon the area of
interest the metallographic sample has to be sectioned and this is obtained using the abrasive
cutting, diamond wafer cutting or thin sectioning. One important point is specimens for
metallographic analysis must never undergo structural changes during cutting hence it is necessary
to use a suitable metallographic cut-off wheels depending upon the type of the specimen.
2.5.3

Mounting

Mounting is a critical step in any sample preparation process. In many cases, small samples
are tough to handle safely during grinding operations and sometimes their shape of the samples
may not be flat to observe, therefore they are mounted to handle with ease. This is generally done
using two techniques, i.e., cold mounting and hot mounting. Cold mounting is employed for
samples that are sensitive to the environmental conditions in compression mounting systems such
as high temperature and pressure. It is usually used when speed and ease are required. Hot
mounting requires a hot mounting press and the resins used are exceptionally hard, resistant to acid
environment and offer little shrinkage. The added advantage of hot mounting is that they reduce
sweating and can produce clean edges during polishing. The resins used for hot mounting are
generally bakelite, epoxies, and phenolic. May it be any type the true goal of mounting is to retain
the true structure of the material in addition to attaining an easily handling.
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2.5.4

Grinding and polishing

Grinding is the very important phase of the sample preparation technique because any
damage introduced in the sectioning stage has to be removed in this phase. Grinding also induces
certain damage which must be subsequently removed by grinding with finer abrasives. Usually at
the end of the grinding stage only the grinding damage from the last grinding step has to be present
which is removed by polishing.
The sample is wet ground in order to reveal the surface of the metal and to produce a flat
surface which is mirror finished without any scratches. Polishing should be performed preferably
in a dust free environment as air-borne contaminants cannot usually be tolerated. Cleaning between
the polishing stages is critical as carryover is a big problem. Carryover might be from the polishing
stage or through the contamination from the operator’s hands. Hence the polished surfaces have to
be washed thoroughly under running water and swabbed with cotton, followed by similar treatment
with alcohol for certain cases.
Silicon carbide paper and water are used for grinding. There exist vivid varieties of grit in
papers and it is a practice to start the grinding operation with 60 grit paper as it is the coarsest of
all the papers. Until the surface is flat, imperfections are removed and the orientation of the flow
lines are unidirectional. Polishing is carried out with polishers consisting diamond suspension (9
µm, 3 µm, and 1µm) on a fairly soft polishing cloth on a rotating disc. The final stage of polishing
is done using an alumina microcloth which produces a highly reflective surface.
2.5.5

Surface etching

Function of etching is twofold. Etching chemically removes a well deformed, thin layer on
the surface produced by grinding and polishing procedures. Another purpose of etching is that the
etchant prefers to attacks those sites with the highest energy which leads to surface relief allowing
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vivid phases, precipitates and the crystal orientations to be distinguished in the reflected light
microscopy. Commonly used etchants for microalloyed steels is 2% nital (=2% nitric acid + 98%
ethanol), whereas for stainless steels commonly used etchant is 39% nitric acid + remaining water.
A cotton tip is dipped fully into the etchant and applied on the polished surface to etch uniformly.
Etching is usually performed stage wise starting with a light attack and then a stronger one only if
required.
2.6

Characterization
Characterizing the material with the help of external techniques is a vital step in

understanding that material better in terms of its internal structure and properties. Microscopic
studies are conducted on the sample surface in order to find the chemical composition,
morphology, crystalline structure and orientation in which the sample is made off. In general, the
instruments utilizes optical or electron source to interact with the sample to characterize the above
stated studies. Optical microscope uses light to find the features of the sample whereas scanning
electron microscope uses electrons at high velocity to image the samples. When these electrons
interact with the atoms in raster-scan pattern, the sample produces signal revealing the surface
topography, orientation and composition. X-rays can also be used for exposing the material as xray diffraction delivers chemical composition, elemental interaction studies.
2.6.1

Optical microscopy

Microscope which uses light rays to characterize the material are generally known as
optical or light microscope. The surface of the specimen is polished in such a way that light is
reflected from its surface. Light rays from mirror finished sample are inspected at higher
magnification. The image reflected on the screen depends on the illumination of light rays, position
and characteristics of the sample. The position of the sample is kept in such a way that it is
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perpendicular to the axis of the objective lens. This way, reflected light travels back to the lens and
digital image is then generated into a micrograph. From the image several the microstructural
features can be observed such as phases present, coating integrity, porosity, inclusions, voids,
carbide content, and oxide content. Different magnifications are possible depending on the
capability of the instrument.
2.6.2

Scanning electron microscopy (SEM)

Scanning electron microscopy (SEM) is the one of the most important characterization tool
under electron microscopy family. The name electron microscope comes originated because these
microscopes uses electrons as the main source for imaging. SEM has wide range of applications
and ample of advantages. Electron microscopes are usually used to get detailed information from
a sample where a light/optical microscope cannot. High resolution, large depth of field, and high
magnifications are the most important requirement of an electron microscope.
In general, there are two types of scanning electron microscopes, (a) thermionic electron
microscope, and (b) field-emission microscope. Tungsten filament is used as an electron source
for both thermionic and field-emission microscopes. The average filament life of a field-emission
SEM is way better than a thermionic SEM. Irrespective of the type of SEM, the principle for the
operation and imaging is almost similar.
The principle of SEM is when the incident beam hits the sample, secondary electrons,
backscattered electrons, X-rays, and auger electrons are emitted from the sample which can be
collected by detectors and presented in computer screen (Figure 2.6). SEM imaging can be
performed with the help of secondary electrons, and backscattered electrons, whereas x-rays are
used to obtain chemical analysis from the sample.
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Figure 2.6: Principle of SEM.
A series of electromagnetic lens and an electrostatic lens is extremely necessary in an SEM
which can focus the incident electron beam on the sample. The electromagnetic lens in a
microscope are termed as condenser lens, and operating lens. The condenser and objective lens
helps in increasing the brightness-contrast of an image and to effectively focus the beam to the
sample. Scanning electron microscope usually performs a raster scan and generates the image. The
electrons emitted from the gun passes through the column of the microscope consists of several
electromagnetic lens (condenser, objective lens) and hits the sample. The electrons bombard with
the sample and emits energetically charged rays which can be detected by different detectors and
the information can be gathered. The detailed process of obtaining an image from SEM is depicted
in the Figure 2.7.
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Figure 2.7: Schematic of scanning electron microscope (SEM).
In metallurgy, a lot of detailed information such as, microstructural analysis at high
magnifications, fracture surface analysis, energy dispersive spectrograph (EDS), chemical
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mapping, and electron back-scattered diffraction (EBSD) can be performed with scanning electron
microscope (SEM) which is not possible with a light microscope.
Important aspect to be kept in mind is that the SEM produces an electron beam which can
be distorted when it collides with atoms of air. Therefore, a very high vacuum has to be applied
(10-6 torr) to prevent that collision. The electrons accelerate in the potential difference typically
in the order of 10-30 KeV. Magnetic lenses present along the column produces an electron spot of
the order of few nm. The energetic electrons when collide with surface of the material under
investigation generate secondary electrons, backscattered electrons and auger electrons. The
detectors sense the signals produced by these interactions and the cathode ray tubes convert them
into an image which appears on the display screen. A schematic representation of a SEM is shown
in the Figure 2.7.
SEM can be used for different classes of engineering materials, such as, metals, polymers,
composites, ceramics, and biomaterials. As the SEM images with the help of electrons, it is
important for a material (sample) to be conductive. Otherwise problems like charging will arise
which will affect the quality of the image. Usually most of the metallic samples are conductive in
nature. Non-metallic samples such as polymers, composites, ceramics, and biomaterials exhibits
charging due to their non-conductive nature. In order to overcome the problems of charging, the
samples are coated with conductive materials for few nanometers, such as, gold, copper, palladium
etc. So, the top layer of the coating serves as the better conducting material and we can obtain good
resolution image even at high magnifications.
Major limitations of SEM are the instrument should always be operated at high vacuums,
charging of a non-conductive materials is a problem, the images we obtain are always black and
white. Colored images are not possible with SEM.
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The SEM we used in the present study was Hitachi S4800 which was a field-emission
microscope. In our study, scanning electron microscope was used to understand the microstructure
of coarse-grained materials.
2.6.3

Transmission electron microscopy (TEM)

In 1931 Max Knoll and Ernst Ruska was first discovered transmission electron microscopy
(TEM) and later commercialized on 1939. In 1986, Ruska was presented noble prize for his
contribution towards physics and optics.
TEM uses high electron beam to image the specimen. An electron beam will interact with
thin-foil or thin-film and the image will be projected on the phosphorescent screen. In simple
words, physical principle of TEM is similar to the projector, where projector utilizes light as a
source and TEM utilizes electron source. TEM consists of an emission source, such as, tungsten
filament or LaB6 to emit the electrons. High voltage was sent through the emission source and the
filament gets heated up resulting in release of electrons. These emitted electrons are directed
towards the specimen with the help of a series of electromagnetic lens located inside the column
of TEM. The emitted electrons have enough kinetic energy to pass through the thin-foil and project
the image with high resolution compared to any traditional light microscopes. Unlike SEM, the
image generated by TEM is due to the transmitted beam from the specimen.
The main important parts in any TEM are: electron source, electromagnetic lens, and
camera. As mentioned earlier, the source (filament) generates electrons with the help of high
voltage and directs to the beam to the column. The column has a series of electromagnetic lens,
namely, condenser lens, objective lens, intermediate lens, and projector lens. The function of
condenser lens is to determine the spot size of the beam and increase the brightness. Objective lens
controls the route of the beam and focusses to the sample. Image magnification and diffraction
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patterns were adjusted with intermediate lens. The function of projector lens is to project the
obtained image and/or diffraction pattern to the imaging source. Finally, the camera reads the
image and projects on the computer screen. In addition to the abovementioned parts, there are
apertures, and stigmators (condenser and objective). The condenser and objective apertures helps
in adjusting the intensity of the beam according to the user requirements. The stigmators corrects
the astigmatism by using strong magnetic field. Elemental analysis can also be performed in TEM
by using an X-ray analysis system.

Figure 2.8: Layout of optical components in a basic TEM [33].
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Transmission electron microscopy is very popular for its robustness and outstanding
resolution even in nanoscale regime. TEM can be used to perform the atomistic and studies in the
order of few angstroms. Thus, these exceptional qualities made it a demanding tool in many fields
of study, such as, materials science, biomedical-biomaterials, metallurgy, physics, and chemistry.
In contrary to many advantages and applications of TEM, there are few limitations as well.
The sample preparation is an extremely tedious and time consuming process. In metallurgy, the
metal sample should manually grinded to 40 µm thickness and cut the sample to 3 mm diameter
disk. Then the specimen will undergo through electrochemical etching called twin-jet polishing by
using strong acids. After jet polishing the sample will be examined under TEM. If the quality of
specimen/image is not satisfactory due various reasons, one has to repeat entire procedure from
scratch. Another disadvantage is having a small sample size. The diameter of the specimen is fixed
(3 mm) to any TEM in the work. Ultra-high vacuum pumps are extremely required for the proper
functioning of TEM.
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Chapter 3
Interplay between grain structure, deformation mechanisms, and austenite stability in
phase reversion-induced nanograined/ultrafine-grained austenitic ferrous alloy
Abstract
The concept of phase reversion involving severe cold deformation of austenite at room temperature
to generate strain-induced martensite, followed by annealing when martensite reverts to austenite
via diffusional mechanism was used to obtain “high strength-high ductility” combination in
nanograined (NG) austenitic stainless steel. Using this concept, the objective of the study is to
elucidate the dependence of grain size on deformation mechanisms and deformation-induced
microstructural changes. The objective was accomplished by combining depth-sensing
nanoindentation experiments conducted at strain rates spanning two orders of magnitude and postmortem analyses of deformed Fe-17Cr-7Ni austenite alloy using transmission electron microscopy
(TEM). The strain rate sensitivity of the NG structure (0.13) was about twice the CG counterpart
(0.06) and the activation volume was about one-third (16 b3) of the CG structure (48 b3), where b
is the magnitude of the Burgers vector. In the high strength NG steel, deformation twinning
contributed to excellent ductility, while in the low strength coarse-grained (CG) steel, ductility was
also good, but due to strain-induced martensite, implying clear distinction and fundamental
transition in the deformation behavior of NG and CG Fe-17Cr-7Ni austenitic stainless steels. In
the NG structure, there was marked increase in stacking faults and twin density at high strain rates,
which led to decrease in the average spacing between adjacent stacking faults, converting stacking
faults into twins. The plastic zone in the NG structure resembled a network knitted by the
intersecting twins and stacking faults. The observed change in the deformation mechanism with

58

change in grain size is attributed to increased stability of austenite with decrease in grain size, and
is explained in terms of austenite stability-strain energy relationship.
3.1

Starting microstructure and strain rate sensitivity experiments
Light and transmission electron micrographs illustrating the starting CG and NG structures

are presented in Figure 3.1. On comparing the average grain size d with the weighted average
grain size, d w , the d w value differed from d by ~5% for the NG sample and less than ~1% for
the CG sample. This implied that the weight due to larger grains is relevant in determining d w for
the CG structure [26]. But the differences between the two methods were observed to be small,
suggesting that either of the two methods were appropriate in our case. The weighted average grain
size ( d w ) of CG steel was 22 µm, while that of NG steel (cold rolled to 62% reduction and
annealed at 800oC for 10 s) was 225 nm [89-92, 95], .
a.

b.

20 m

Figure 3.1: (a) Scanning electron micrograph of coarse-grained (CG) and (b) transmission
electron micrograph of nanograined (NG) 301LN Type austenite stainless steels. The average
grain size of CG alloy is 22±5 µm, while the NG alloy consists of NG (dia ~100-200 nm) and a
few ultrafine grains (UFG) (dia ~200-500 nm) [95].
59

The yield strength and elongation of CG and NG steels were as follows: CG: yield strength
~350 MPa, elongation ~40%; NG: yield strength ~768 MPa, elongation ~38%).
A change in deformation mechanism was envisaged to exhibit differences in strain rate
sensitivity studies. Thus, we first briefly discuss the strain rate sensitivity data obtained from
nanoscale deformation experiments, prior to the elucidation of deformation mechanisms and
associated microstructural evolution that occurred during plastic deformation of NG and CG
structures.

Hardness (GPa)

14

NG/UFG
CG

12
10
8
6
4
0.01

0.1
-1
Strain Rate (s )

1

Figure 3.2: Hardness versus strain rate plots for (a) CG and (b) NG Type 301LN stainless
steels obtained using depth-sensing nanoindentation experiments [95].
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NG and CG austenitic stainless steels were subjected to depth-sensing nanoscale
deformation experiments at strain rates in the range of 0.05-1 s-1 (0.05, 0.1, 0.5, and 1 s-1). The
influence of strain rate is best realized in terms of change in hardness, and is summarized in Figure
3.2. The hardness data obtained from the nanoindentation experiments is an average of at least 10
experimental runs, where the indentation strain rate  is defined as the displacement rate (dh/dt)
divided by the displacement, and is given by [104]:

 = (1/h) dh/dt

(3)

In equation (3) the displacement rate depends on the maximum displacement depth that was set at
200 nm and the required loading time. It is concluded from Figure 3.2 that the dependence of
hardness on strain rate is greater for the NG structure as compared to the CG structure, i.e., the NG
structure exhibits greater strain rate sensitivity than the CG counterpart. The hardness of NG
structure was higher than the CG structure such that the average indentation hardness at the lowest
strain rate is ~4.8 GPa and ~5.6 GPa for CG and NG structure, respectively.
The strain rate sensitivity is given by [97,105]:
m=

3

kT/ vσ =

3 3 kT/

vH

(4)

where m is a non-dimensional strain rate sensitivity index, k is the Boltzmann constant, T is the
absolute temperature, 𝜎 is the flow stress, H is the hardness (which is generally assumed to be
three times the flow stress) and v is the activation volume, which is the rate of decrease of the
activation enthalpy with respect to flow stress at a fixed temperature:
  ln  
  3 kT 

  

(5)

where  is the strain rate. The strain rate sensitivity parameter m and the activation volume v is
expected to provide an insight on the sensitivity of the flow stress to strain rate and also point
toward similarity or dissimilarity in the deformation mechanisms between the NG and CG
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structures. The strain rate sensitivity determined from Figure 3.2 was 0.06 for CG and 0.13 for the
NG structure with strain rate sensitivity m of CG steel being approximately one-half of the NG
counterpart. If we consider the strain rate sensitivity data as a function of grain size, for Cu and Ni
from the literature [105], for ultrafine- to nanocrystalline regime, m ≈ 0.022 at grain size of ~100
nm and m ≈ 0.012 at grain size of ~1000 nm. Thus, the values of m obtained for austenitic stainless
steel are high, for both the CG and NG structures, such that the impact of grain size is small.
Interestingly, this behavior is consistent with small differences in the strain hardening behavior of
NG and CG structures, during tensile straining. Maximum strain hardening rate observed in NG
and CG structures were ~2864 MPa and ~2710 MPa, respectively [92], in spite of differences in
deformation mechanism as shown later on in sections 3.2 and 3.3; while deformation twinning
contributed to strain hardening in the NG structure, strain-induced martensitic transformation
induced a similar effect in the CG structure [95].
It is pertinent to mention here that an aspect that has been previously proposed to contribute
to small differences in strain rate sensitivity is thermal drift [106]. We used a nanoindenter that
utilized a continuous stiffness measurement approach for nanoindentation experiments, which is
carried out at frequencies greater than 40 Hz, and is therefore less sensitive to thermal drift.
However, small thermal drifts of ~0.05 nm/s cannot be ruled out. During experiments at different
strain rates, the test time varied from ~15 s (strain rate of 1 s-1) to ~120 s (strain rate of 0.05 s-1).
At a drift rate of 0.05 nm/s, the total maximum drift is ~6 nm occurs, which is ~3-4% of the total
displacement (~175-200 nm) and is very small. Based on the aforementioned estimates, we
conclude that thermal drift did not play a significant role in influencing strain rate sensitivity
measurements in our case. Thus, the small difference in ‘m’ observed between NG and CG
structures is envisaged to represent differences in deformation mechanism (mechanical twinning
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versus strain-induced transformation), such that the NG structure stabilized austenite and promoted
twinning, while in the CG structure, strain-induced martensitic transformation occurred (sections
3.2-3.4).
From Figure 3.2 and from the definition of strain rate sensitivity and activation volume
defined in equation (5), we deduce activation volume (v) for the NG and CG structures. The
activation volume for the CG structure was ~48 b3, where b is the magnitude of the Burgers vector,
and the corresponding value for the NG structure was 16 b3. The relatively small difference in the
activation volume derived from the strain rate sensitivity data, for the NG and CG structures again
implied that the effective contribution of deformation mechanisms operating in NG and CG
structures (Figure 3.2) to the strain hardening behavior is similar. Irrespective of the above, it is
clear that the indentation response of NG material with respect to strain rate sensitivity is
significantly more affected in comparison to the CG materials, such that the strain rate sensitivity
of NG material is greater than the CG material. This difference must be reflected in the deformation
mechanisms in the NG and CG structure and was indeed the case (sections 3.2 and 3.3) [95].
3.2

Transmission electron microscopy of microstructural evolution in the plastic zone
with strain rate for the NG structure
TEM observations made in the center of the plastic zone size (indentation plastic strain of

~0.05, based on theoretical estimate using the nanoindenter diameter of 20 nm) at different strain
rates are summarized in Figure 3.3 (i,ii). In the inset of Figure 3.3 (i,ii), selected-area-electrondiffraction (SAED) patterns are presented to confirm the presence of stacking faults (SFs) and
twins in the deformed area of the NG sample after indentation (Figure 3.3). The networks knitted
by the intersecting twins and SFs were noted everywhere. These twins and SFs did not pass across
the whole grain, but stopped in the grain interior with Shockley partial dislocations located at the
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front tips of twins and SFs (Figure 3.3). These experimental observations demonstrated that the
NG steel deformed by twinning at the strain rates studied.

Figure 3.3(i): Summary of TEM observations of the morphologies of the plastic zone
surrounding the indentation after indentation experiments with 0.05 s-1, and 0.1 s-1 strain rates for
the NG 301LN steels. SF and twin indicated by the arrow in red, and partials indicated by arrows
in yellow [95].
The SF bounded by partial is shown at P in Figure 3.3a1, a2, b3, and b4. Meanwhile, high
density of dislocations were trapped at the intersection of SFs and/or of twins (Figure 3.3b3 and
b4). One may note that the dislocation concentration in the grain interior continued to increase
with increase in strain rate. This must have given rise to various types of intragranular dislocation64

dislocation interaction processes associated with the glide of extended dislocations on different
slip systems. Most impressively, a sharp increase in SF and twin density was noted when the
specimens were deformed at high strain rates, resulting in decrease in the average spacing between
adjacent SFs or twins with increasing strain rate. This implied that higher strain rate made it easier
to convert SFs to twins. In summary, higher strain rate enabled the twins to form more easily.

Figure 3.3(ii): Summary of TEM observations of the morphologies of the plastic zone
surrounding the indentation after indentation experiments with 0.5 s-1, and 1 s-1 strain rates for
the NG 301LN steels. SF and twin indicated by the arrow in red, and partials indicated by arrows
in yellow [95].
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Following the ASTM linear-intercept method, lamellae thickness measurements along
[110] orientation indicated a wide distribution from several nanometers to tens of nanometers. In






fact, in this orientation only (111) and (111) twins were edge-on while (111) and (111) twins were
inclined to the surface. Thus, a total area of twin boundaries (TBs) in a unit volume was defined
as twin density. To enhance the reliability, at least 20 micrographs were assessed for measuring
the area fraction of twins and SFs. The evolution of SF and twin area fraction, and ratio of SF/twin
as a function of strain rate are presented in Figure 3.4 for the indentation plastic strain of ~0.05.
The upper line is for SF, middle line for twins, and the bottom line is the ratio of SF/twin. The area
fraction of both SF and twin increased monotonically with increase in strain rate. Meanwhile, one
can clearly see that the ratio of SF/twin decreases (or twin/SF increases) with strain rate, implying
that an increase in strain rate facilitated the twinning process.
The mechanism of twinning in NG structures has been extensively dealt by a number of
researchers. Our primary focus here is to elucidate that twinning in the NG austenite stainless steel
is related to the higher stability of austenite in the NG structure (section 3.4). Based on the
observations presented in Figure 3.3 and from the literature, we envisage that twin nucleates by
virtue of multiple partial dislocation emission, which does not require rearrangement of
dislocations [107-110]. In these cases, dislocation dissociation gives rise to a stationary partial and
a twinning partial; and twin growth involves the twinning partial undergoing double cross-slip
[110]. In a recent study, it was demonstrated that the introduction of a high density of SFs with
nanoscale spacing provided a high density of barriers that pinned dislocations and retained strain
hardening, leading to high ductility [111]. These results support our observations because SFs were
effective in retaining ductility. Meanwhile, the twin boundaries (TBs) in large numbers are also
potential sites at which high density of dislocations pile-up with consequent increase in strain
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hardening ability in combination with high elongation. Thus, twinning is an effective approach for
improving strength and ductility of metallic materials with significant strain hardening ability [95].
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Figure 3.4: Stacking faults and twin density increase with strain rate in the NG stainless steel
[95].
Prior to the conclusion of this section, it is important to discuss the effect of orientation of
grains on twinning, given that it has been recently proposed that twinning may be influenced by
grain orientation [112-116]. Schematic illustration of evolution of stacking faults and micro-twins
was presented in Figure 3.5. A strong effect of grain orientation on twinning was observed in very
high-Mn TWIP steel of nominal composition (in wt.%) of Fe-33Mn-3Al-3Si [114,115] such that
under tension the deformation twinning was favored in grains oriented close to <111> // tensile
axis, because of high Schmid factor, whereas twinning was hindered during compression because
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the grains rotated toward <101> axis, which rendered them unfavorably oriented for twinning (low
Schmid factor).

a.

b.

c.

d.

Figure 3.5: Schematic illustrations of stacking faults and micro-twin in an fcc lattice. (a) Perfect
lattice with stacking sequence of ABC. (b) 2-layer intrinsic fault being equivalent to a single
extrinsic fault. (c) A micro-twin with a thickness of 3-layer atoms clearly consisted of three
overlapping intrinsic fault. (d) Unambiguously, the layer number of twin in coincidence with that
of intrinsic faults on every (111) plane.

: Atomic layer A,

: atomic layer B,

: atomic layer C

on every (-11-1) plane; i: intrinsic fault, e: extrinsic fault, TB: twin boundary [95].
In this regard, Raabe’s group recently provided an improved understanding of orientation
effect on deformation twinning by studying fine-grained (average grain size 3 µm) and coarsegrained (average grain size 50 µm) Fe-22Mn-0.6C (wt.%) TWIP steel [112]. Deformation twins
were observed in grains of grain size less than 1 µm [112], contrary to Ueji’s observations [113].
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Raabe’s group also made an interesting observation that grain orientation effect on deformation
twinning was strong only at low strain of 0.03 logarithmic strain, consistent with Schimd’s law.
But at high logarithmic strain of 0.3, the grain orientation effect was absent, such that both
favorably and non-favorably oriented grains experienced mechanical twinning. In view of the
contradictory observations made by Ueji et al. [113], who observed a significant reduction in
twinning in Fe-31Mn-3Al-3Si (wt.%) TWIP steel, it is important that in developing an
understanding of deformation twinning and making a relative comparison of two different
materials, at similar grain size, the effect of stacking fault energy (SFE) should not be ignored
[112]. Based on the above discussion, the differences in the deformation twinning observed by
Ueji et al. [113] and Raabe’s group [112] in fine grained TWIP steel can be attributed to stacking
fault energy (SFE) difference between the two materials, i.e., 40 mJ/m2 (Fe-31Mn-3Al-3Si: Ueji
et al. [113]) versus 22 mJ/m2 (Fe-22Mn-0.6Si : Raabe’s group [112]), implying the important
contribution of SFE on twinning. In our case, the SFE of NG and CG 301LN stainless steel is 15
mJ/m2 (SFE per se is constant for a given material) [92].
A fundamental question now arises as to why grain orientation effect was not observed in
our nanoindentation tests, even though a weak effect was obtained during conventional
compression tests or indentation tests with ~1 mm dia as compared to a strong effect during tensile
tests [116]. In nanoindentation tests, with tip diameter of 20 nm and applied load in the mN range,
the nanoindentation shear stress is confined to a single grain is in the Gpa range (10-15 Gpa) and
the representative strain is high at 8% (for Berkovich angle of 65.27o). This corresponds to a fully
developed plastic zone similar to that in Brinell hardness test [117], such that both favorably and
unfavorably oriented grains experience deformation twins, and there is deviation from Schmid’s
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law [112]. In summary, the above discussion and results clearly suggest that the grain refinement
to NG structure does not suppress deformation twinning [95].
3.3

Transmission electron microscopy of the morphology of plastic zone as a function of
strain rate for the CG structure
While the focus of the study concerns deformation mechanisms in the NG structure and

that the CG structure has been previously studied, it is appropriate to briefly give an overview of
the deformation processes observed in the CG counterpart under identical experimental conditions
(strain rate and indentation plastic strain) and compare with the NG structure.

Figure 3.6 (i): Summary of TEM observations of the morphologies of the plastic zone
surrounding the indentation after indentation experiments with 0.05 s-1, and 0.1 s-1 strain rates for
the CG 301LN steels [95].
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Figure 3.6 (ii): Summary of TEM observations of the morphologies of the plastic zone
surrounding the indentation after indentation experiments with 0.5 s-1, and 1 s-1 strain rates for
the CG 301LN steels [95].
In contrast to the deformation processes observed in the NG structure, formation of shear
bands, nucleation of strain-induced bcc ’-martensite at the intersection of ε-martensite shear
bands, and growth of martensitic laths were the active deformation mechanisms in the CG structure
at different strain rates. At the lowest strain rate of 0.05 s-1, ’-martensite plates and shear bands
were observed (Figure 3.6a1, b1), but with increase in strain rate, such as at 0.1 and 0.5 s-1, strain
induced ’-martensite nucleated at the intersection of shear bands (or ε plates) (Figure 3.6a2, a3)
and martensitic laths (Figure 3.6b2, b3) were observed. The growth occurred by repeated
nucleation of new ’ lath-like embryos and coalescence of such embryos resulting in the formation
of a wider lath. The shear bands and ’-martensite are barriers to dislocation motion, and
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contribute to strain hardening. At higher strain rate of 1 s-1, the ’-martensite laths of ~200-400
nm dominated the observations (Figure 3.5b4).
In an individual austenite grain in the CG material, the orientation of austenite grain was
compared with the orientation of the transformed martensite via selected area electron diffraction
analysis. Based on the electron diffraction patterns (some of which are presented in the inset of
Figure 3.6), the orientation of the transformed martensite from the parent austenite was defined.
The orientation relationship between the indented parent austenite and the deformation-induced
martensite

followed

Kurdjumov-Sachs

(K-S)

orientation

relationship,

i.e.,

{111}<110>//{011}<111>’. Given that each of the 24 K-S variants has one compressive axis
and two tensile axes for the martensitic transformation, referred to as the Bain distortion, it is but
natural that during nanoindentation, a variant whose compressive axis of the Bain distortion is
almost parallel to the indentation direction, would have a higher probability of selection [102].
In the conventional CG structure, Talonen and Hänninen [118] proposed that the
intersections of shear bands or stacking faults provide nucleation sites for strain-induced ’martensite and the formation of shear bands is a prerequisite for strain-induced martensite
formation. The strain-hardening behavior of 301LN steel with a low stacking fault energy of ~15
mJ/m2 [92] is enhanced by strain-induced martensite formation, irrespective of the dislocation
glide. Hedström et al. [83] also detected a small fraction of  (hcp) martensite, the maximum about
2.5%, in tensile testing of AISI 301 type steel, transforming partly to ’-martensite at high strains.
However, ’-martensite was the dominant transformed phase at ~40%.
It is pertinent to mention that transmission electron microscopy of a number of NG and CG
samples indicated observations described above, while regions away from the plastic zone
remained untransformed.
72

3.4.

Intense mechanical twinning and effect of stability of austenite in the NG structure:
austenite stability-strain energy relationship
Figures 3.3 and 3.4 suggested that intense mechanical twinning was an effective and active

deformation mechanism in the NG structure. In contrast, Figure 3.6 suggested that strain-induced
α-martensite is an active deformation mechanism in the CG structure. Both these mechanisms are
effective strain hardening mechanisms and prevent strain localization and thereby enhance
ductility (inclusive of uniform elongation). Thus, twinning substituted for martensite nucleation
with a decrease in grain size from CG to NG regime. This is definitely a case of grain size effect
(and strength) and is related to increased stability of austenite with decrease in grain size, such that
twinning is encouraged when the weighted average grain size was of the order of 225 nm. There
was a clear distinction and fundamental transition in the deformation behavior of NG and CG
301LN-type austenitic stainless steel, such that “twinning” contributed to the excellent ductility of
“high strength” NG/UFG steel, while in the “low strength” CG steel, ductility was also quite high,
but because of strain-induced martensite formation at the intersection of shear bands. We
underscore that twinning is a major factor that contributed to the excellent ductility of “high
strength” NG structure, and was a contributing deformation mechanism, while for the “low
strength” CG structure, ductility was expectedly very good, but without the occurrence of twinning
[95].
The deformation mechanism in NG structure must be related to the enhanced contribution
of high density of grain boundaries leading to the increased strength of NG austenite that inhibited
martensite formation. Thus, we attribute the change in the deformation mechanism to higher
austenite stability with decrease in grain size.
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While grain size is considered to govern the thermal stability of austenite [119-121], the
impact on mechanical stability is unclear. The stability of austenite grains is controlled not only
by the local carbon level but also by the grain size as recently suggested for TRIP steels [120]. It
is generally agreed that the transformation of austenite to martensite introduces anisotropic strain
in the adjacent untransformed austenite. The near uniform distribution of transformation strain
requires several multi-variant transformations to occur simultaneously within an austenite grain
for minimization of total strain energy [121]. But, if the austenite grain size is comparable or
smaller than the martensite lath, which is applicable in our case, then the possibility of several
variants of martensite to occur simultaneously within an austenite grain is decreased because of
reduced space. As a consequence, it is impossible to minimize the strain energy via martensitic
transformation in a nanograined/ultra-fine grained steel (NG/UFG). In summary, for austenite to
transform through single variant mode such that the reduction in the strain energy occurs on
transformation of austenite-to-martensite in the NG austenite is unachievable because of spatial
restriction effect, and is briefly outlined below.
The mechanism of grain refinement-induced austenite stabilization can be discussed in
terms of the physical energy associated with austenite-to-martensitic transformation, involving
equations (6) and (7) [119]:
If austenite transforms to martensite via single variant mode, the increase in elastic strain
energy is given by [119]:
∆Ev = (1/2)EII2 + (1/2)EIIII2 + (1/2)EIIIIII2

(6)

where E and  are Young’s modulus and elastic strain in each lattice plane. Considering that FCC
to BCC transformation involves lattice displacement comprising of two ways of atomic movement,
notably [119] (a) shear deformation of 36% along [-110] direction and (b) anisotropic deformation
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accompanying the volume expansion of ~4.5%. The volume expansion of 4.5% consists of 13.9%
expansion along [001] direction (I direction), 7.0% contraction along [-110] direction (II direction)
and 1.4% contraction along [-1-10] direction (III direction) [119], then, EI, EII, and EIII are ~132
Gpa, ~221 Gpa, and ~221 Gpa, respectively [119,122] and I, II, and III are 0.139 (expansion),
0.07 (contraction) and 0.014 (contraction), respectively [119,122]. The approximate increase in
elastic strain energy using equation (6) is ~1840 MJ/m3.
Then equation (6) is modified to equation (7):
∆Ev = (1/2)EII2 (x/d)2 + {(1/2)EIIII2 + (1/2)EIIIIII2} (x/d)

(7)

where x is the thickness of martensite plate and lattice strain is elastically accommodated over the
space of austenitic grain (grain size: d). Inserting Young’s modulus and strain in equation 8, the
increase in elastic strain energy is:
∆Ev = 1276.1 (x/d)2 + 562.6 (x/d)

(8)

For average CG size of 22 µm, ∆Ev is ~6 MJ/m3 and for NG structure, ∆Ev increases significantly
to ~850 MJ/m3. Thus, the ability to nucleate martensite diminishes with decrease in grain size.
Given that in the NG structure, multi-variant transformation is difficult, the transformation of
austenite to strain-induced martensite transformation is suppressed. Thus, lattice displacement
associated with strain is accommodated by dislocation slip and twinning, i.e., propensity for
twinning increases with decrease in grain size [95].
3.5

Conclusions

(i)

The deformation mechanisms and associated microstructural evolution were studied in

phase reversion-induced NG austenitic stainless steel and compared with the CG counterpart by
combining nanoscale deformation experiments and transmission electron microscopy. The strain
rate sensitivity of the NG structure was about two times the CG counterpart. Using the strain rate
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sensitivity data, the activation volume of the NG structure was about one-third (16 b3) of the CG
structure (48 b3).
(ii)

Transmission electron microscopy observations as a function of strain rate suggested a

distinct and fundamental transition in the deformation behavior of NG and CG Fe-17Cr-7Ni
austenite alloy such that “deformation twinning” contributed to the excellent ductility of the “high
strength” NG alloy, while in the “low strength” CG counterpart alloy, ductility was also very good,
but because of strain-induced martensitic transformation.
(iii)

In the NG structure, there was a monotonic increase in stacking faults and twins with

increase in strain rate such that the ratio of stacking faults/twin was reduced with increase in strain
rate. This implied that higher strain rate facilitated the twinning process. The plastic zone in the
NG structure resembled a network knitted by intersecting twins and SFs. The twins and SFs did
not pass across the whole grain, but stopped in the grain interior with Schokley partial dislocations
at the front tips of the twins and SFs. Twinning was envisaged to nucleate by virtue of multiple
partial dislocation emission, which did not require rearrangement of dislocations.
(iv)

The change in the deformation mechanism from strain-induced martensite in the CG

structure to nanoscale twinning in the NG structure is related to the increase stability of austenite
with decrease in grain size and can be appropriately elucidated in terms of austenite stability-strain
energy relationship.
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Chapter 4
Strain hardening behavior of phase reversion-induced
nanograined/ultrafine-grained (NG/UFG) austenitic stainless steel and relationship with
grain size and deformation mechanism
Abstract
The concept of phase reversion involving severe cold deformation of metastable austenite to
generate strain-induced martensite, followed by temperature-time annealing sequence, was used
to obtain varying grain size from nanograined/ultrafine-grained (NG/UFG) to coarse-grained (CG)
regime with the objective to elucidate the interplay between strain hardening behavior and
deformation mechanisms in conjunction with the mechanical properties. The study underscores
that irrespective of the grain structure and operating deformation mechanisms (twinning versus
strain-induced martensite), the generic nature of strain hardening is unaltered. However, there were
subtle differences in the three-stage strain hardening ability that were governed by noticeably
different deformation mechanisms. There was transition in deformation mechanism from
essentially nanoscale twinning in NG/UFG and sub-micron grained (SMG) structures to straininduced martensite transformation in the fine-grained (FG) and CG structures, a behavior related
to increase in the stability of austenite with decrease in grain size. Motivated by the change in
deformation mechanism with change in grain size from CG to NG/UFG regime, it is now intriguing
to study their corresponding strain hardening behavior. Thus, the objective of the study described
here is to explore the strain hardening characteristics using the data acquired from the tensile tests
and conduct an in-depth analysis of strain hardening. The study is unique from the viewpoint that
it analyzes and differentiates the strain hardening behavior in a single steel that exhibits both TRIP
and TWIP effects, depending on the grain size.
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4.1

General microstructure
Micrographs of selected grain structure obtained via different annealing temperature-time

combinations are presented in Figure 4.1 [91].

Figure 4.1: (a-c) TEM micrographs of phase reversion annealed 301LN type austenite stainless
steel with varying grain size from NG/UFG regime to fine-grained (FG) regime and (d) scanning
electron micrographs of CG steel. The average weighted grain size d w was determined from a
number of micrographs and is indicated on each of the micrographs [103].
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The grain size data is revisited here to develop an understanding of strain hardening
behavior in conjunction with grain size and deformation mechanisms. The different grain sizes are
referred as nanograined/ultrafine-grained (NG/UFG), sub-micron grained (SMG), fine-grained
(FG) and coarse-grained (CG) (Table 4.1) [103].
Table 4.1: Tensile properties of phase reversion-induced austenitic stainless steel with different
grain size.
Weighted Average Grain

Average Yield Strength,

% Average

Size, d w

MPa

Elongation

NG/UFG

320 nm

768

34

SMG

757 nm

722

38

FG

2132 nm

667

41

CG

22 μm

350

40

The NG/UFG to CG regime was obtained by cold working to 62% reduction followed by phase
reversion annealing in the temperature range of 973 K (700°C) to 1273 K (1000°C).
4.2

Tensile behavior
The tensile properties are listed in Table 4.1. The true stress – true strain (σT – εT) curves

plotted from tensile data are presented in Figure 4.2, which are characterized by an inflexion in all
the plots because of the microstructural evolution during plastic deformation, and are different
from those of most single-phase metals/alloys without phase transformation [123]. However, the
plateau at low strains is more obvious with NG/UFG and SMG structures than in FG and CG ones.
The tensile behavior of CG specimen appears to show a continuous increase in true stress with
increase in strain, while NG/UFG and SMG structures show a small plateau (indicated by arrows
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in Figure 4.2) at small strains prior to a continuous increase. The FG structure represents a
transition between the two different tensile behaviors. Thus, at the start of tensile straining, the
true stress increases at a relatively slower rate with increase in strain for NG/UFG and SMG
structures than for CG and FG ones [103].

Figure 4.2: True stress-true strain plots for phase revision annealed austenitic stainless steels
processed to obtained different grain size from NG/UFG to CG regime [103].
4.3

Strain hardening behavior
The strain hardening rates (SHR; dσT/dεT) computed from the true stress – strain plots in

Figure 4.2 are plotted as a function of true strain in Figure 4.3 for samples with different grain
sizes.
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Figure 4.3: Strain hardening rate as a function of true strain as a function of grain size [103].
In the case of NG/UFG and SMG, the strain hardening rate first decrease steeply, reaching
a minimum at 0.02-0.03 strain, followed by a rapid increase to a high dσ T/dεT level at relatively
low strains (≈ 0.15 and 0.175, respectively), and then a final decrease until the onset of necking to
fracture. As regards FG and CG samples, their SHRs decrease more slowly to a minimum,
followed by a rapid increase to a SHR peak level at somewhat high strains (≈ 0.225 and 0.25,
respectively) and then a final decrease until the onset of necking to fracture. Thus, based on above
outlined observations in Figures 4.1-4.3, we can conclude that there are subtle but distinct
differences in the tensile behavior of samples with different grain sizes in a regime extending over
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tens of nanometers to several micrometers, where behavior of NG/UFG and SMG structures
belong to one category, FG represents the transition grain size, and CG can be referred as belonging
to the second category.

Figure 4.4a: The C-J analysis (ln(dσ/dε) vs. lnε) for samples as a function of grain size [103].
The strain hardening behavior was further understood in terms of Crussard-Jaoul (C-J)
analysis (Ln(dσT/dεT) vs. Ln(εT) plot), shown in Figure 4.4. A change in the slope of a line segment
in the C-J plot can provide a further insight on possible differences in deformation mechanisms.
In earlier studies conducted by other researchers using C-J analysis [123-127], the natural
logarithmic values of SHRs (Ln(dσT/dεT)) were separated into different stages characterized by a
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decrease or increase in Ln(dσT/dεT) as well as nearly constant plateaus or peak level. From the
point of view of clarity, in Figure 4.4b we present an analysis for NG/UFG and CG structures.

Figure 4.4b. The C-J analysis (ln(dσ/dε) vs. lnε) for CG and NG/UFG samples [103].
We define five stages and the data is summarized in Table 4.2. In stage A of the CG
structure, the logarithmic value of strain hardening rate (Ln(dσT/dεT)) decreases rapidly. This is
followed by a short stage B, when the (Ln(dσT/dεT)) remains almost constant with strain hardening
coefficient being low. With increase in strain, the logarithmic value of strain hardening rate
(Ln(dσT/dεT)) increases gradually, attaining a high strain hardening coefficient (stage C). With
further increasing in strain, logarithmic value of strain hardening rate (Ln(dσT/dεT)) remains nearly
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constant over a narrow strain range (stage D). In the last stage the Ln(dσT/dεT) decreases rapidly,
marking the onset of necking leading to fracture (stage E).
Table 4.2: The value of plastic strain of each stage of the samples with different grain size based
on C-J analysis. The data was extracted from Figures 4.2 and 4.4.
sample

Stage A

Stage B

Stage C

Stage D

Stage E

NG/UFG ε<0.014

--

0.014<ε<0.133 0.133<ε<0.156 0.165<ε<0.30

ε<0.032

--

0.032<ε<0.150 0.150<ε<0.177 0.177<ε<0.33

SMG
FG

ε<0.066 0.066<ε<0.096 0.096<ε<0.191

0.19<ε<0.233

0.233<ε<0.38

CG

ε<0.093 0.093<ε<0.133 0.133<ε<0.202 0.202<ε<0.271 0.271<ε<0.41

In the NG/UFG (also SMG), stage B does not exist because there was well-defined yield
point. Stage C is closely related to the small plateaus in the true stress – true strain plots marking
the yield behavior (Figure 4.2). The differences between the two groups of structures viz.,
NG/UFG/SMG and CG, with FG representing the transition grain size can be summarized as
follows:
(a) In stage A, the strain hardening rate decreases rapidly for NG/UFG structure (and also SMG),
while the corresponding decrease in CG structure is at a relatively slower rate such that stage A is
extending over a short strain for NG/UFG (and SMG) and large strain for CG.
(b) Second, stage B is present in FG and CG, but absent in NG/UFG and also SMG structures.
(c) Third, the minimum value of strain hardening rate (SHR) in stage B is greater for CG (and FG)
and lower for NG/UFG (and SMG) structures. The minimum SHR corresponds to the intersection
of stages A and C in NG/UFG and SMG structures and is ~465 MPa and ~1346 MPa for NG/UFG
and CG structures, respectively (Table 4.3).
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(d) With increase in grain size (NG/UFG to CG), the plot of stage C gradually moves to right, i.e.,
towards higher strain.
(e) The maximum SHR for all structures with different grain size in stage D were high (Table 4.3).
(f) As a consequence, the stage E also gradually moved to right, i.e., to a higher strain with increase
in grain size (NG/UFG to CG). All these variations with different grain sizes are related to
microstructural evolution and deformation mechanisms, and are discussed in next section.
Table 4.3: The maximum and minimum strain hardening rates of samples.
sample

4.4

NG/UFG SMG

FG

CG

975

1346

Min SHR in Stage B, MPa

465

489

Max SHR in Stage D, MPa

2864

3168 3156 2710

Microstructure evolution during deformation
The microstructural evolution as a function of selected strain for different grain size is

presented in Figures 4.5-4.8. In the NG/UFG structure, there are numerous stacking faults (SF) at
low strain (ε=0.02) and extended stacking faults (SF) in two systems intersected one another, and
dislocations were inhibited by stacking faults (Figure 4.5b). With increase in strain (ε=0.1),
mechanical twins of nanoscale thickness were already present (Figure 4.5c). In some grains, twins
grew in different directions and mutually intersected one another (Figure 4.5d). Dislocation glide
during plastic deformation is inhibited by twin boundaries. At appreciably higher strain of ε=0.2,
there was an increase in twin density such that the twins organized in bundles (Figures 4.5e and
f). The bundles in some cases were ~300 nm large. The diffraction pattern confirmed the presence
of deformation twins [103].
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ε=0.02

ε=0.10

ε=0.20

Figure 4.5: Representative bright field transmission electron micrographs of NG/UFG structure
illustrating tensile strain-induced deformation structure at (a, b) engineering strain of 0.02, (c, d)
0.1, and (e, f) 0.2. The diffraction pattern confirmed twins [103].
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ε=0.02

ε=0.10

ε=0.20

Figure 4.6: Representative bright field transmission electron micrographs of SMG structure
illustrating tensile strain-induced deformation structure at (a, b) 0.02 (true strain= 0.02), (c, d) 0.1
(true strain= 0.096), and (e, f) 0.2 (true strain= 0.182) [103].
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ε=0.02

ε=0.10

ε=0.20

Figure 4.7: Representative bright field transmission electron micrographs of FG structure
illustrating tensile strain-induced deformation structure at (a, b) 0.02 (true strain= 0.02), (c, d) 0.1
(true strain= 0.096), and (e, f) 0.2 (true strain= 0.182) [103].
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ε=0.02

ε=0.10

ε=0.20

Figure 4.8: Representative bright field transmission electron micrographs of CG structure
illustrating tensile strain-induced deformation structure at (a, b) 0.02, (c, d) 0.1, and (e, f) 0.2.
The diffraction pattern confirmed martensite [103].
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Figure 4.6 summarizes the representative TEM micrographs of the deformation processes
associated with the tensile straining for the SMG structure. We note from Figures 4.6a and b that
there are numerous stacking faults inside a grain at a low strain (ε=0.02). With increase in strain
(ε=0.1), the main microstructural features are formation of twins with different growth directions
and they mutual intersect each other (Figure 4.6c and d). At high strain (ε=0.2), twins intersected
each other, separating the grain into many small regions (Figure 4.6e). Some of the twins were
organized in bundles (Figure 4.6f) [103].
We now describe the behavior of phase reversion annealed FG steel in comparison to
NG/UFG and SMG structures. In FG steel, with average grain size of ~2.1 μm, besides SF,
dislocations and twins (Figure 4.7a, b), nucleation of strain-induced bcc α′-martensite (Figure 4.7e,
f) was detected. At ε=0.1, twins and strain-induced α′-martensite at shear bands were present
simultaneously (Figure 4.7c, d). With increase in strain (ε=0.2), the martensite transformation
occurred by repeated nucleation of new α′-lath-like embryos and coalescence of such embryos
resulting in the formation of a wider lath. The deformation mechanisms in the FG structure are
therefore a combination of twinning and strain-induced martensite.
The deformation structures for the CG structure are presented in Figure 4.8. A large number
of perfect dislocations were observed at low strain (ε=0.02). A small number of straight and thin
martensite laths were already formed at such small strains (Figure 4.8b). It is possible that the local
strain is somewhat higher than average in these regions. When the strain increased to 0.1, a large
number of thin and straight martensite laths nucleated at shear bands and grew in one direction
(Figure 4.8c). Meanwhile, some of the martensite laths formed as a packet. With increase in strain
to 0.2, the packets of martensite laths intersected each other and separated the grain into many
small regions of quadrilateral shape. The diffraction pattern analysis (Figure 4.8e) indicated that
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the martensite was a bcc lattice structure (α′-martensite). The α′-martensite laths are barriers to
dislocation motion. Meanwhile, the martensite laths became thicker in size; the thickness of the
packet increased from 150 nm to 400 nm when the strain increased from 0.1 to 0.2.

Figure 4.9: Stacking faults and twin increase with true strain for samples as a function of grain
size [103].
From the TEM observations, the area fraction of stacking faults, twins and martensite, at
different true strain were estimated and they are plotted in Figures 4.9, 4.10. It may be seen from
Figure 4.9 that the density of stacking faults and twins not only increase with true strain, but also
with the decrease in grain size. However, the area fraction of martensite is reduced by ~50% when
the grain size decreases from CG to FG (Figure 4.10)
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Figure 4.10: Martensite density increase with true strain for samples as a function of grain size
[103].
Thus, there is a distinct transition in the deformation mechanism from twinning in the
NG/UFG structure to strain-induced martensitic transformation in the CG structure. In the CG
structure, strain-induced martensitic at shear bands was the dominant deformation microstructure
features, whereas twins were not observed. Thus, in contrast to the deformation behavior of
NG/UFG structure, nucleation of strain-induced martensite was an active deformation mechanism
instead of deformation twinning [103].
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4.5

Discussion
It is quite evident from Figures 4.5-4.8 that there is change in deformation mechanism from

strain-induced martensite in the CG structure to twinning in the NG/UFG structure. The transition
occurs at FG structure when both the mechanisms appear to take place. The tensile deformation
observations are consistent with the nanoindentation experiments carried out on samples with
similar grain sizes [91]. This change in deformation mechanism was attributed to an increase in
the stability of austenite with decrease in grain size.
Let us first discuss the strain hardening behavior of NG/UFG (and SMG) structures. Based
on the TEM observations, the progress in microstructural evolution in NG/UFG and SMG can be
envisaged as nucleation of stacking faults, increase in the density of stacking faults, formation of
mechanical twins, and increase in the dislocation storage capacity of twins. It is important to
mention that slip or dislocation glide is a precursor to any deformation mechanism and it is the
major mechanism transferring strain. Stage A (true strain < 0.014) is characterized by nucleation
of stacking faults [126]. Stage B is absent in NG/UFG and SMG structures, presumably because
of the large fraction of grain boundaries in NG/UFG and FG structures, which effectively promote
nucleation of stacking faults and twins. The SHR remains almost constant for NG/UFG and SMG
during stage D and then gradually decreases in stage E. We attribute the large stage C (true strain
0.014-0.133) to an increase in stacking fault and twin density. In 18.8% Mn TWIP steel, the
increase in the strain hardening rate in stage C (true strain 0.14-0.35) was related to the effect of
twinning [126], with consequent increase in dislocation storage capacity of twins with increase in
strain [103].
Stage D (true strain 0.133-0.156), when SHR is a maximum, is referred as the situation
when the entire grain is heavily populated with stacking faults, and primary and secondary twins
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have high density of dislocations such that there is no further increase in strain hardening rate. In
another study on the strain hardening behavior of TWIP steel [127], stage B was not observed and
both the increase in strain hardening rate (stage C) and presence of a plateau were related to
primary and secondary twins. However, a new stage was observed and was attributed to slow down
of primary twinning activity and unformed secondary twins. The last and final stage E, when strain
hardening rate decreases until fracture corresponds to the situation when the thickness of twins
increases and new twins are not nucleated such that the movement of dislocations is no more
inhibited. The effect of twinning on strain hardening started from stage C and finished at the end
of stage E [103].
We now compare the strain hardening behavior of NG/UFG (and SMG) with the CG
counterpart. Unlike the rapid decrease in the strain hardening rate observed in stage A for the
NG/UFG (and SMG) steel, the decrease in strain hardening rate in CG structure was relatively
slow and occurred over a wide range of strain (true strain < 0.093), followed by a stage B (true
strain 0.093-0.133) with nearly constant SHR and stage C (true strain 0.133-0.202) with large
increase in strain hardening rate. Stage A (true strain < 0.093) in the case of NG/UFG structure is
related to slip and nucleation of dislocations, but the fact that in the CG structure, there are less
number of grains that are favorably oriented with respect to the tensile axis, slip occurs in less
number of grains. The drop in SHR in CG steel is caused by nucleation of α′-martensite at a slow
rate. On the other hand, when the grain size is fine, once yielding commences, there are a number
of grains in the NG/UFG structure that are favorably oriented to the tensile axis, such that slip
occurs in a number of grains. In the CG structure, the shear bands containing martensite were
observed at strain of 0.1. Pointing to a close look at stage A in the CG structure, we can sub-divide
this stage into two regions with different slopes. The slopes of region I and II in stage A are
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different. Combining this information with the TEM observations, region I is attributed to
dislocation slip [126] and region II to the nucleation of martensite that decreases the strain
hardening rate with increase in strain. Stage B, which is characterized by insignificant change in
SHR, in our opinion, corresponds to nucleation of a small number of straight and thin martensitic
laths nucleated at shear bands. Following the nucleation of, α’-martensite, there is strain-induced
transformation leading to enhanced SHR (stage C). Finally, stage D is reached when martensite
laths thicken and become coarse, beyond which there is no further increase in SHR that decreases
rapidly due to onset of necking leading to fracture (stage E).
The behavior of FG is intermediate between NG/UFG (and SMG) and CG structure and is
characterized by a combination of stacking faults, twins, and strain-induced martensite, all of
which are effective in restricting dislocation slip and induce high strain hardening ability.
In summary, in the low yield strength CG structure, ductility is good because of straininduced martensite formation during straining, while in the high yield strength NG/UFG (and
SMG) ductility is also good but due to mechanical twinning. Given that both strain-induced
martensite and twinning contribute to strain hardening, we can conclude that in generic sense, the
strain hardening behavior associated with twinning and strain-induced martensite are similar.
There are subtle differences in the strain hardening behavior between twin mechanism and straininduced martensite, irrespective of significant differences in grain size and is an important finding.
Strain hardening rate associated with twinning and strain-induced martensite do not vary
significantly except that twinning seems to initiate earlier than the strain-induced martensite [103].
This is discussed below.
While grain size is considered to govern the thermal stability of austenite, as recently
discussed in researches [119-121], its impact on the mechanical stability is unclear. It is widely
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agreed that transformation of austenite to martensite introduces anisotropic strain in adjacent
untransformed austenite. The near uniform distribution of transformation strain requires
concurrent facilitation of multi-variant transformation within an austenite grain, leading to
minimization of total strain energy [121]. But if the austenite grain size is comparable or smaller
than the martensite lath or block, such as in the case of NG/UFG structure, then the possibility of
several variants of martensite to operate simultaneously within an austenite grain is dramatically
reduced because of constricted space. Moreover, single variant is preferred for deformationinduced martensite transformation in NG/UFG structure because in a tensile test the deformed
specimen has a texture where <101>α’ direction is parallel to the tensile direction [121]. The
underlying reason concerns the fact that specific variants are selected for the anisotropic
transformation to be released by the tensile strain [121]. Thus, austenite can be expected to
transform through a single variant mode. However, the reduction in the strain energy as a result of
martensitic transformation in NG/UFG austenite is largely unachievable, as discussed below.
The mechanism of grain refinement-induced austenite stabilization can be discussed in
terms of the physical energy associated with austenite-to-martensitic transformation, involving
equations 1-3 [119].
If austenite transforms to martensite via single variant mode, the increase in elastic strain
energy as discussed by Takaki et al. is given by [119]:
∆Ev = (1/2)EII2 + (1/2)EIIII2 + (1/2)EIIIIII2

(1)

where E and  are Young’s modulus and elastic strain in each lattice plane. Considering that FCC
to BCC transformation involves lattice displacement comprising of two ways of atomic movement,
notably (a) shear deformation of 36% along [-110] direction and (b) anisotropic deformation
accompanying the volume expansion of ~4.5%. The volume expansion of 4.5% consists of 13.9%
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expansion along [001] direction (I direction), 7.0% contraction along [-110] direction (II direction)
and 1.4% contraction along [-1-10] direction (III direction) [119] and accordingly, the I, II, and
III are 0.139 (expansion), 0.07 (contraction) and 0.014 (contraction), respectively [119]. The
corresponding values of EI, EII, and EIII are derived as 132.1 GPa, 220.8 GPa, and 220.8 GPa,
respectively [30,31] Computing these values in equation 1, the approximate increase in elastic
strain is estimated as ~1840 MJ/m3.
Then equation 1 is modified to [119]:
∆Ev = (1/2)EII2 (x/d)2 + {(1/2)EIIII2 + (1/2)EIIIIII2} (x/d)

(2)

where x is the thickness of a martensite plate and lattice strain is elastically accommodated over
the space of austenitic grain of size d. Inserting Young’s modulus and strain in equation 2, the
increase in elastic strain energy is given as [119]:
∆Ev = 1276.1 (x/d)2 + 562.6 (x/d)

(3)

For average CG size of 22 µm, ∆Ev is ~6 MJ/m3 and for NG/UFG structure, ∆Ev increases
significantly to ~850 MJ/m3. A plot of elastic strain energy as a function of grain size for nucleation
of martensite according to single variant equation is presented in Figure 4.11.
Thus, the ability to nucleate martensite decreases with decrease in grain size. Given that in
NG/UFG structure, multi-variant transformation is difficult, the transformation of austenite to
strain-induced martensite transformation is largely suppressed. Thus, lattice displacement
associated with strain is accommodated by dislocation slip and twinning, where slip is a precursor
to twinning, i.e., propensity for twinning increases with decrease in grain size.
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Figure 4.11: Elastic strain energy as a function of grain size for nucleation of martensite
according to single variant equation [103].
4.6

Conclusions
We have elucidated here the interplay between strain hardening behavior and deformation

mechanisms in Cr-Ni type austenitic steel with grain size from NG/UFG to CG regime through
combination of post-mortem TEM analysis of tensile deformed samples and C-J analysis.
The plastic deformation region can be divided into five sub-regions based on the change in
strain hardening rate. Microstructural evolution during tensile deformation strongly influenced the
strain hardening ability.
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The high strain hardening rate and excellent ductility in ‘low strength’ CG steel was due to
strain-induced martensite, while deformation twinning in NG/UFG structure contributed to high
strain hardening ability and good ductility.
Twins and martensite are effective in inhibiting the movement of dislocations.
The change in deformation mechanism from strain-induced martensite in the coarsegrained (CG) structure to strain-induced ’ martensite + nanoscale twinning in fine grain (FG)
structure and nanoscale twinning + stacking faults in nanograined/ultrafine-grained (NG/UFG)
and sub-micron grained (SMG) structures is related to the increased stability of austenite with
decrease in grain size.
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Chapter 5
Influence of grain structure on the deformation mechanism in martensitic shear reversioninduced Fe-16Cr-10Ni model austenitic alloy with low interstitial content: Coarse-grained
versus nano-grained/ultrafine-grained structure
Abstract
Nanograined/ultrafine-grained (NG/UFG) materials exhibiting high strength-high ductility
combination are excellent vehicles to obtain an unambiguous understanding of the possible
mechanisms operating during deformation. Toward this end, the concept of phase reversioninduced NG/UFG structure enabled achieving high strength and high ductility, for example, in
metastable austenitic stainless steels. We have utilized the innovative concept of phase reversioninduced NG materials to fundamentally understand the deformation mechanisms in NG/UFG
structure and compare with its coarse-grained (CG) counterpart. This was accomplished by
combining depth-sensing nanoscale experiments conducted at different strain rates, followed by
study of structural evolution in the deformed zone using transmission electron microscopy (TEM).
In the high strength NG/UFG steel (YS~585 MPa), stacking faults and nanotwins contributed to
excellent ductility (El ~35), while in the case of low strength (YS~260 MPa) coarse-grained (CG)
counterpart, ductility was also good (El ~40%), but chiefly due to strain-induced martensite, which
points to a clear case of grain size effect (and the corresponding level of strength). The distinct
change in deformation mechanism from stacking faults and twinning-induced plasticity (TWIP) in
the NG structure to transformation-induced plasticity (TRIP) in the CG structure is explained in
terms of austenite stability-strain energy relationship. The insights on the relationship between
grain structure (and strength) and deformation mechanisms are envisaged to be important in
providing a new direction for the futuristic design of high strength-high ductility NG/UFG
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materials such as austenitic stainless steel. From a practical viewpoint, it provides a novel route to
develop metals and alloys with exceptional combination of strength and ductility.
5.1

Starting microstructure and strain rate sensitivity experiments
Light and transmission electron micrographs of starting CG and NG/UFG structures are

presented in Figure 5.1, respectively [128].
a.

10 µm

b(i).

b(ii).

0.5 µm

200 nm

Figure 5.1: (a) Light micrograph of coarse-grained (CG) and (b) representative transmission
electron micrographs of nanograined (NG) 16Cr-10Ni austenite stainless steels [128].
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On comparing the average grain size d with the weighted average grain size, d w , the d w
value differed from d by ~5% for the NG sample and less than ~1% for the CG sample. This
implied that the weight due to larger grains is relevant in determining d w for the CG structure
[96]. The difference between the two approaches was small, implying appropriateness of either of
the two approaches. The weighted average grain size ( d w ) of CG steel was ~16 µm, while that of
NG/UFG steel (cold rolled to 74% reduction and annealed at 850°C for 100 s) was ~250 nm [90,
91, 94, 95].
The yield strength of the NG/UFG steel (585 MPa) was more than twice that of the CG
steel (260 MPa), even though there was only a marginal difference in their elongation values (NG:
35% and CG: 40%).
We envisaged that a change in deformation mechanism would be reflected in differences
in strain rate sensitivity. We therefore briefly discuss the strain rate sensitivity data acquired from
nanoscale deformation experiments, prior to the discussion of deformation mechanism and related
microstructural evolution that occurred during plastic deformation of NG and CG structures.
Both NG and CG austenitic stainless steels were subjected to depth-sensing nanoscale
deformation experiments at strain rates in the range 0.05-1 s-1 (0.05, 0.1, 0.5, and 1 s-1). The impact
of strain rate is best realized in terms of change in hardness, and is summarized in Figure 5.2. The
hardness data obtained from the nanoindentation experiments is an average of at least 10
experimental runs, and the indentation strain rate  is defined as the displacement rate (dh/dt)
divided by the displacement, and is given by [104]:

 = (1/h) dh/dt

(3)

In equation (3) the displacement rate depends on the maximum displacement depth that was set at
200 nm and the required loading time. From Figure 5.2, we conclude that for the NG structure, the
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dependence of hardness on strain rate is greater in comparison to that of the CG structure, i.e., the
NG structure exhibits greater strain rate sensitivity than the CG counterpart. The hardness of NG
structure was higher than the CG structure such that the average indentation hardness at the lowest
strain rate of 0.05 s-1 was ~2.2 GPa and ~3.2 GPa for the CG and NG structures, respectively.

6.0
5.5

NG
CG

Hardness (GPa)

5.0
4.5
4.0
3.5
3.0
2.5
2.0
0.01

0.1

1
-1

Strain Rate (s )
Figure 5.2: Hardness versus strain rate plots for (a) CG and (b) NG 16Cr-10Ni austenitic
stainless steel obtained using depth-sensing nanoindentation experiments [128].
The strain rate sensitivity is given by equation 4 [97,105]:
m=

3 kT/ vσ = 3 3 kT/ vH
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(4)

where m is a non-dimensional strain rate sensitivity index, k is the Boltzmann constant, T is the
absolute temperature, 𝜎 is the flow stress, H is the hardness (which is generally assumed to be
three times the flow stress) and v is the activation volume, which is the rate of decrease of activation
enthalpy with respect to flow stress at a fixed temperature:
  ln  
  3 kT 

  

(5)

where  is the strain rate. The strain rate sensitivity parameter m and the activation volume v is
expected to provide an insight on the sensitivity of the flow stress to strain rate and also point
toward similarity or dissimilarity in the deformation mechanisms between the NG and CG
structures. The strain rate sensitivity evaluated from Figure 5.2 was 0.14 for CG structure and 0.19
for the NG structure, with strain rate sensitivity m of CG steel being slightly lower than that of the
NG counterpart. If we consider the strain rate sensitivity data as a function of grain size, for Cu
and Ni from the literature [105], for ultrafine- to nanocrystalline regime, m ≈ 0.022 at a grain size
of ~100 nm and m ≈ 0.012 at a grain size of ~1000 nm. Thus, the values of m obtained for 16Cr10Ni austenitic stainless steel are high, both for the CG and NG structures, such that the impact of
grain size is small. Interestingly, this behavior is consistent with small differences in the strain
hardening behavior of NG and CG structures, during tensile straining. Maximum strain hardening
rate observed in NG and CG structures were ~3100 MPa and ~2750 MPa, respectively, in spite of
differences in deformation mechanism as shown later in sections 5.2 and 5.3; deformation twinning
contributed to strain hardening in the NG structure, and strain-induced martensitic transformation
induced a similar effect in the CG structure [128].
It may be relevant to indicate that thermal drift has been previously suggested to contribute
to small differences in strain rate sensitivity [106]. A nanoindenter that utilizes a continuous
stiffness measurement approach for nanoindentation experiments that are carried out at frequencies
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greater than 40 Hz, is therefore less sensitive to thermal drift. However, we cannot rule out small
thermal drifts of ~0.05 nm/s. During experiments at different strain rates, the test time varied from
~10 s (strain rate of 1 s-1) to ~100 s (strain rate of 0.05 s-1). At a drift rate of 0.05 nm/s, the total
maximum drift is ~6 nm occurs, which is ~3-4% of the total displacement (~175-200 nm) and is
very small. Based on the above estimates, we conclude that thermal drift was not an aspect of
significant concern in impacting strain rate sensitivity measurements. Thus, the small difference
in ‘m’ observed between NG and CG structures is believed to imply differences in deformation
mechanism (mechanical twinning versus strain-induced transformation), such that the austenite
was stable in the NG structure and encouraged twinning, while in the CG structure, austenite was
unstable and strain-induced martensitic transformation occurred (sections 5.2-5.4).
From the definition of strain rate sensitivity and activation volume defined in equation (5)
and Figure 5.2, we deduced activation volume (v) for the NG and CG structures. The activation
volume for the CG structure was 50 b3, where b is the magnitude of the Burgers vector, and the
corresponding value for the NG structure was 28 b3. The small difference of 1.7 times in the
activation volume derived from the strain rate sensitivity data, for the NG and CG structures, again
implies that the effective contribution of deformation mechanisms operating in NG and CG
structures (Figure 5.2) to the strain hardening behavior may be similar. However, leaving aside
the above, it is clear that the indentation response to NG structure with respect to strain rate
sensitivity is significantly affected in comparison to that with the CG structure, such that the strain
rate sensitivity of NG steel is greater than the CG steel. This difference should be reflected in the
deformation mechanisms operative in the NG and CG structures and was indeed the case (sections
5.2 and 5.3) [128].
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5.2

TEM study of microstructural evolution with strain rate for the NG structure
Transmission electron microscopy studies made in the center of the plastic zone size

(indentation plastic strain of ~0.05, nanoindenter diameter of 20 nm) at different strain rates are
summarized in Figure 5.3 (i,ii). Selected-area-electron-diffraction (SAED) patterns were recorded
to confirm the presence of twins in the deformed area of the NG sample (Figure 5.3i,ii). The
networks knitted by the intersecting twins and SFs were observed everywhere. In majority of cases,
the twins and SFs did not pass across the whole grain, but stopped in the grain interior with
Shockley partial dislocations located at the front tips of twins and SFs (Figure 5.3). These
observations suggest that twinning was a deformation mechanism in the NG steel at the strain rates
studied [128].
a1

P

b1

0.05 s-1

SF

50 nm

P

100 nm

TWINS

b2

a2

TWINS

TWINS

0.1 s-1

P
SF

SF
500 nm

100 nm

P

Figure 5.3(i): Summary of TEM observations of the morphologies of the plastic zone
surrounding the indentation after indentation experiments with 0.05 s-1, and 0.1 s-1 strain rates for
NG 16Cr-10Ni austenitic stainless steel [128].
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The SF bounded by partial is indicated by P in some instances in Figure 5.3. The high density
of dislocations was trapped at the intersection of SFs and/or of twins (Figure 5.3b). Moreover, the
dislocation density in the interior of the grain increased with increase in strain rate. This must give
rise to different types of intragranular dislocation-dislocation interaction processes associated with
the glide of extended dislocations on different slip systems. Interestingly, there was a sharp
increase in SFs and twin density with increase in strain rate, leading to a decrease in the average
spacing between adjacent SFs or twins. We defined twin density as the total area of twin
boundaries (TBs) per unit volume. This implied that higher strain rate facilitated easier conversion
of SFs to twins. In summary, at higher strain rate, twins formed relatively easily.
b3

a3

0.5 s-1

TWINS

SF

100 nm

500 nm

b4

a4

TWINS

1 s-1

TWINS

20 nm

50 nm

Figure 5.3(ii): Summary of TEM observations of the morphologies of the plastic zone
surrounding the indentation after indentation experiments with 0.5 s-1, and 1 s-1 strain rates for
NG 16Cr-10Ni austenitic stainless steel [128].
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a.

b.

c.

Figure 5.4: Representative examples of high magnification transmission electron micrographs
illustrating deformation twins in NG 16Cr-10Ni stainless steel [128].
Based on ASTM linear-intercept method, the SF lamellae thickness measurements along
the [110] orientation indicated a wide distribution from several nanometers to tens of nanometers.






In fact, in this orientation only (111) and (111) twins were edge-on, while (111) and (111) twins
were inclined to the surface. We defined twin density as the total area of twin boundaries (TBs)
per unit volume. A minimum of 10 micrographs were assessed to determine the area fraction of
108

twins and SFs. Figure 5.4 shows high magnification micrographs of twins. The evolution of SF
and twin area fraction, and ratio of SF/twin as a function of strain rate are presented in Figure 5.5
for the indentation plastic strain of ~0.05. The upper curve is for SFs, middle curve for twins, and
the bottom one concerns the estimated ratio of area fractions of SFs to twins (SF/twin ratio). The
area fraction of both SFs and twins increased monotonically with increase in strain rate.
Meanwhile, the SF/twin ratio decreased (or twin/SF ratio increased) with increase in strain rate,
implying that an increase in strain rate expedited the twinning process.
50
SF
Twin
Ratio of SF/Twin

40

Ratio of SF/Twin

Area fraction, %
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2.0
1.5
1.0
0.5
0.0

0.2

0.4

0.6

0.8

1.0

-1

Strain rate, s

Figure 5.5: The evolution of stacking faults (SFs) and twin area fraction and also the ratio of
SF/twin as a function of strain rate [128].
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The mechanism of twinning in NG structures has been widely studied. Our primary aim in
this study is to elucidate that twinning in the NG austenitic stainless steel relates to the higher
stability of austenite in the NG structure (section 5.4). Based on the observations presented in
Figure 5.3 and from the literature, we envisage that a twin nucleates by virtue of multiple partial
dislocation emission, which does not require rearrangement of dislocations [107-110]. In these
cases, dislocation dissociation gives rise to a stationary partial and a twinning partial; and twin
growth involves the twinning partial undergoing double cross-slip [110]. In a recent study, it was
shown that high density of SFs with nanoscale spacing acted as barriers that pinned dislocations
and enhanced strain hardening, leading to high ductility [111]. These results support our
observations because SFs were effective in retaining ductility in the NG material. Twin boundaries
(TBs) in large numbers are also potential sites at which dislocations pile-up with a consequent
increase in strain hardening ability capacity in combination with high elongation. Thus, twinning
is an effective approach to improve strength and ductility of NG/UFG metallic materials with
significant strain hardening ability [128].
Prior to the concluding this section, it is important for us to discuss the effect of orientation
of grains on twinning, considering that it has been recently proposed that twinning may be
influenced by grain orientation [112-116]. An effect of grain orientation on twinning was studied
in a relatively high-Mn TWIP steel of nominal composition (in wt.%) of Fe-33Mn-3Al-3Si
[114,115]. During tensile straining, deformation twinning was favored in grains oriented close to
<111> // tensile axis, because of high Schmid factor, whereas twinning was hindered during
compression because the grains rotated toward <101> axis, which rendered them unfavorably
oriented for twinning (low Schmid factor). In this regard, Raabe’s group recently provided an
understanding of the orientation effect on deformation twinning by studying fine-grained (average
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grain size 3 µm) and coarse-grained (average grain size 50 µm) Fe-22Mn-0.6C (wt.%) TWIP steel
[112]. Deformation twins were observed in grains of size less than 1 µm [112], contrary to Ueji’s
observations [113]. Raabe’s group made an intriguing observation that grain orientation effect on
deformation twinning was strong only at low strain of 0.03 logarithmic strain, consistent with
Schimd’s law. But at high logarithmic strain of 0.3, the grain orientation effect was absent, such
that grains that were both favorably and non-favorably oriented to deformation axis or irrespective
of the axes experienced mechanical twinning. Considering the contradictory findings of Ueji et al.
[113], who observed a significant reduction in twinning in Fe-31Mn-3Al-3Si (wt.%) TWIP steel,
it is important that we make comparison of two different materials at similar grain size, and the
effect of stacking fault energy (SFE) is not ignored [112]. Based on the aforementioned discussion,
the differences in the deformation twinning observed by Ueji et al. [113] and Raabe’s group [112]
in fine grained TWIP steel is attributed to stacking fault energy (SFE) difference between the two
materials, i.e., 40 mJ/m2 (Fe-31Mn-3Al-3Si: Ueji et al. [113]) versus 22 mJ/m2 (Fe-22Mn-0.6Si:
Raabe’s group [112]), implying the important contribution of SFE on twinning. In our case, the
SFE of NG and CG 16Cr-10 NI stainless steel is 15-20 mJ/m2 (SFE per se is constant for a given
material) [95].
A basic question now arises on the absence of grain orientation effect in our
nanoindentation tests, even though a weak effect was obtained during conventional compression
tests or indentation tests with ~1 mm indenter dia in comparison to a strong effect during tensile
tests [116]. For our steel in nanoindentation tests, with tip diameter of 20 nm and applied load in
the mN range, the nanoindentation shear stress is confined to a single grain and is in the GPa range
(10-15 GPa) and the representative strain is relatively high at 8% (for Berkovich angle of 65.27o).
This corresponds to a fully developed plastic zone similar to that in Brinell hardness test [117],
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such that both favorably and unfavorably oriented grains experience deformation twins, and there
is deviation from Schmid’s law [112]. In summary, the above discussion and results clearly suggest
that the refinement of grain size to the NG regime does not suppress deformation twinning.
5.3

TEM study of the morphology of plastic zone as a function of strain rate for the CG
structure
a1

b1

0.05 s-1

slip band

100 nm

100 nm

a2

0.1 s-1

b2

100 nm

100 nm

Figure 5.6(i): Summary of TEM observations of the morphologies of the plastic zone
surrounding the indentation after indentation experiments with 0.05 s-1, and 0.1 s-1 strain rates for
CG 16Cr-10Ni austenitic stainless steel [128].
The focus of the study here relates to deformation mechanisms in the NG structure in
comparison to that of the CG structure that has been previously studied. However, it is appropriate
to briefly provide an overview of the deformation processes observed in the CG counterpart under
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identical experimental conditions (strain rate and indentation plastic strain) and compare with that
of the NG structure. In contrast to the deformation behavior observed in the NG structure, during
nanoscale deformation, majority of the reverted austenite transforms to strain-induced martensite
(α’) comprising of martensite laths at all strain rates, with thickness of the laths decreasing with
increasing strain rate. At the highest experimental strain rate of 1s-1, the ’-martensite laths of
~200-300 nm were present. It is proposed that shear bands provide nucleation sites for straininduced martensite [83,118].
a3

0.5 s-1

b3

100 nm

a4

b4

1 s-1

100 nm

100 nm

100 nm

Figure 5.6(ii): Summary of TEM observations of the morphologies of the plastic zone
surrounding the indentation after indentation experiments with 0.5 s-1, and 1 s-1 strain rates for
CG 16Cr-10Ni austenitic stainless steel [128].
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In the CG material, the orientation of austenite grain was compared with the orientation of
the transformed strain-induced martensite via selected area electron diffraction analysis. Based on
the electron diffraction patterns (e.g. strain rate 0.5 s-1), the orientation of the transformed straininduced martensite from the parent austenite was defined. The orientation relationship between the
indented parent austenite and the deformation-induced martensite followed Kurdjumov-Sachs (KS) orientation relationship, i.e., {111}<110>//{011}<111>’. Considering that each of the 24 KS variants have one compressive axis and two tensile axes for the martensitic transformation,
referred to as the Bain distortion, it is but natural that during nanoindentation or a nanoscale
deformation, a variant whose compressive axis of the Bain distortion is almost parallel to the
indentation direction, will have a higher probability of selection [129].
It may be important to indicate that transmission electron microscopy of NG and CG
structures consistently revealed observations described above, while regions away from the plastic
zone remained untransformed [128].
5.4.

The relationship between mechanical twinning and austenite stability-strain energy
Intense mechanical twinning was an active deformation mechanism in the NG structure

(Figure 5.3 and 5.4). On the other hand, Figure 5.6 suggested that strain-induced α-martensite was
an active deformation mechanism in the CG structure. Both these mechanisms are essentially strain
hardening mechanisms and prevent strain localization, leading to an increase in ductility (inclusive
of uniform elongation). Thus, twinning substituted for martensite nucleation with a decrease in
grain size from CG to NG regime. This is certainly a case of grain size effect (and strength) and is
envisaged to be related to increase in the stability of austenite with decrease in grain size, such that
twinning is encouraged when the weighted average grain size was of the order of ~250 nm. Thus,
there was a distinct transition in the deformation behavior of NG and CG 16Cr-10Ni austenitic
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stainless steel, such that “twinning” contributed to the excellent ductility of “high strength”
NG/UFG steel, while in the “low strength” CG steel, ductility was also high, but because of the
TRIP effect from strain-induced martensite. We underscore that twinning is a major factor that
contributed to the excellent ductility of “high strength” NG structure, and was a contributing
deformation mechanism, while for the “low strength” CG structure, ductility was also good, but
not as a consequence of twinning.
The deformation mechanism in the NG structure must be related to the enhanced
contribution of high density of grain boundaries leading to the increased strength of NG austenite
that inhibited martensite formation [95]. Thus, we attribute the change in the deformation
mechanism to higher austenite stability with decrease in grain size.
Grain size is generally considered to govern the thermal stability of austenite [119-121],
however, the impact on mechanical stability is unclear. The stability of austenite grains besides
being governed by the local carbon concentration is also influenced by the grain size as recently
proposed for TRIP steels [120]. It is widely accepted that the transformation of austenite to
martensite introduces anisotropic strain in the adjacent untransformed austenite. The near uniform
distribution of transformation strain requires several multi-variant transformations to occur
simultaneously within an austenite grain for minimization of total strain energy [121]. But, if the
austenite grain size is comparable or smaller than the martensite lath, which is applicable in our
case, then the possibility of several variants of martensite to occur simultaneously within an
austenite grain is decreased because of reduced space. Thus, based on the above perspective, it is
difficult to minimize the strain energy via martensitic transformation in an NG/UFG steel. In
summary, for austenite to transform through single variant mode such that the strain energy is
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reduced on transformation of austenite-to-martensite in the NG austenite is not feasible because of
spatial restriction effect, and is briefly outlined below.
The mechanism of refinement of grain size-induced austenite stabilization can be discussed
in terms of the physical energy associated with austenite-to-martensitic transformation, involving
equations (6) and (7) [119] given below:
When austenite transforms to martensite via single variant mode, the increase in elastic
strain energy is given by [119]:
∆Ev = (1/2)EII2 + (1/2)EIIII2 + (1/2)EIIIIII2

(6)

where E and  are Young’s modulus and elastic strain in each lattice plane. Considering that FCC
to BCC transformation involves lattice displacement comprising of two ways of atomic movement,
notably [119] (a) shear deformation of 36% along [-110] direction and (b) anisotropic deformation
accompanying the volume expansion of ~4.5%. The volume expansion of 4.5% consists of 13.9%
expansion along [001] direction (I direction), 7.0% contraction along [-110] direction (II direction)
and 1.4% contraction along [-1-10] direction (III direction) [119]. The corresponding Young
moduli EI, EII, and EIII are ~132 GPa, ~221 GPa, and ~221 GPa, respectively [119,122] and elastic
strains I, II, and III are 0.139 (expansion), 0.07 (contraction) and 0.014 (contraction), respectively
[119,122] in the three directions. The approximate increase in elastic strain energy using equation
(6) is ~1840 MJ/m3.
Equation (6) is modified to equation (7):
∆Ev = (1/2)EII2 (x/d)2 + {(1/2)EIIII2 + (1/2)EIIIIII2} (x/d)

(7)

where x is the thickness of martensite plate and lattice strain is elastically accommodated over the
space of austenitic grain (grain size: d). Inserting Young’s modulus and strain in equation 8, the
increase in elastic strain energy is given by:
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∆Ev = 1276.1 (x/d)2 + 562.6 (x/d)

(8)

For average CG size of 16 µm, ∆Ev is ~7 MJ/m3 and for NG structure, ∆Ev increases significantly
to ~1265 MJ/m3. Thus, the ability to nucleate martensite minimizes with decrease in grain size. In
the NG structure, multi-variant transformation is difficult and therefore, the transformation of
austenite to strain-induced martensite transformation is suppressed. Thus, lattice displacement
associated with strain is accommodated by dislocation slip and twinning, i.e., propensity for
twinning increases with decrease in grain size.
5.5

Conclusions

(i)

We have used the phase-reversion process and combined with nanoscale deformation

experiments and transmission electron microscopy to study deformation mechanisms and
accompanying microstructural evolution in 16Cr-10Ni NG austenitic stainless steel and compared
with the CG counterpart. The strain rate sensitivity of the NG structure was greater than the CG
counterpart. Using the strain rate sensitivity data, the activation volume of the NG structure was
approximately one-half (28 b3) of the CG structure (50 b3).
(ii)

In the high strength NG/UFG steel (YS~585 MPa), stacking faults and nanotwins

contributed to excellent ductility (El ~35%), while in the case of low strength (YS~260 MPa)
coarse-grained (CG) counterpart, ductility was also good (El ~40%), but chiefly due to straininduced martensite, which points to a clear case of grain size effect (and the corresponding level
of strength).
(iii)

Transmission electron microscopy observations as a function of strain rate indicated a

distinct transition in the deformation behavior of 16Cr-10Ni NG and CG austenitic steels such that
“deformation twinning” contributed to the excellent ductility of the “high strength” NG alloy,
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while in the “low strength” CG counterpart alloy, ductility was also very good, but because of
strain-induced martensitic transformation.
(iv) In the NG structure, there was a monotonic increase in stacking faults and twins with increase
in strain rate such that the ratio of stacking faults/twin was reduced with increase in strain rate.
This suggested that higher strain rate facilitated the twinning process. The plastic zone in the NG
structure resembled a network knitted by intersecting twins and SFs. The twins and SFs did not
pass across the whole grain, but stopped in the grain interior with Schokley partial dislocations at
the front tips of the twins and SFs. Twinning was envisaged to nucleate by virtue of multiple partial
dislocation emission, which did not require rearrangement of dislocations.
(v) The change in the deformation mechanism from strain-induced martensite in the CG structure
to nanoscale twinning in the NG structure is related to the increase in the stability of austenite with
decrease in grain size and is explained in terms of austenite stability-strain energy relationship.
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Chapter 6
Strain hardening behavior of nanograined/ultrafine-grained (NG/UFG)
austenitic 16Cr-10Ni stainless steel and relationship to austenite stability
and deformation behavior
Abstract
The concept of phase reversion involving severe cold deformation of metastable austenite to
generate strain-induced martensite, followed by temperature-time annealing sequence, was used
to obtain varying grain size from nanograined/ultrafine-grained (NG/UFG) to coarse-grained (CG)
regime with the objective to elucidate the interplay between strain hardening behavior and grain
structure. The study underscores that irrespective of the grain structure and operating deformation
mechanisms (twinning versus strain-induced martensite), the generic nature of strain hardening is
unaltered. However, there were subtle differences in the three-stage strain hardening ability that
were governed by noticeably different deformation mechanisms. There was transition in
deformation mechanism from essentially nanoscale twinning in NG/UFG and sub-micron grained
(SMG) structures to strain-induced martensite transformation in the fine-grained (FG) and CG
structures, a behavior related to increase in the stability of austenite with decrease in grain size.
The objective of the study described here is to explore the strain hardening characteristics via
tensile straining in NG and CG structure and relate to their structure and associated deformation
behavior in a model 16Cr-10Ni austenitic stainless steel with low interstitial content. In the model
experimental Fe-16Cr-10Ni alloy with low interstitial carbon content of 0.008 wt.% and nitrogen
content of 0.004 wt.%, the effect of carbon and nitrogen can be excluded. Second, the low level of
interstitial content significantly reduces the possibility of secondary precipitation and are expected
to influence the characteristics of austenite grains. The study is unique from the viewpoint that it
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analyzes and differentiates the strain hardening behavior in a single steel that exhibits both TRIP
and TWIP effects, depending on the grain size.
6.1

General microstructure
Figure 6.1 illustrates the microstructure of CG and NG/UFG steels prior to tensile straining.

The nanograined/ultrafine-grained (NG/UFG) structure and coarse-grained (CG) counterpart are
presented in Figure 6.1 [130].
a.

b.

10 µm

200 nm

Figure 6.1: (a) Light micrograph of coarse-grained (CG) and (b) representative transmission
electron micrographs of nanograined (NG) 16Cr-10Ni austenite stainless steels [130].
6.2

Tensile behavior
The tensile properties are listed in Table 6.1. The engineering stress – engineering strain

and true stress – true strain (σT – εT) plots obtained from tensile data are presented in Figures 6.2
and 6.3. They are characterized by an inflexion in all the plots because of the microstructural
evolution during plastic deformation, and are different from those of most single-phase
metals/alloys without phase transformation [125]. The presence of small plateau at low strains
(~0.025-0.075) was more apparent in the case of NG/UFG than in the CG. At small strains, the
tensile behavior of NG/UFG and SMG structures exhibited a small plateau (indicated by arrows
in Figure 6.2) followed by continuous increase while CG sample indicated a near continuous
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increase in engineering stress with strain. Thus, at the commencement of tensile deformation, both
engineering and true stress increases at a relatively slower rate with increase in strain for NG/UFG
structure than for the CG structure.
Table 6.1: Tensile properties of 16Cr-10Ni phase reversion-induced austenitic stainless steel
with different grain size.
Weighted Average
Grain Size

Average Yield Strength, MPa % Average Elongation

NG/UFG

250 nm

585

35

SMG

817 nm

420

30

FG

2.5 μm

347

38

CG

16 μm

260

40

Figure 6.2: Engineering stress-engineering strain plots for 16Cr-10Ni phase reversion annealed
austenitic stainless steels as a function of grain size from NG/UFG to CG regime.
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Figure 6.3: True stress-true strain plots for 16Cr-10Ni phase reversion annealed austenitic
stainless steels as a function of grain size from NG/UFG to CG regime.
6.3

Strain hardening behavior
The strain hardening rate (SHR; dσT/dεT) as a function of true strain was computed from

the true stress – true strain plots (Figure 6.3) and is plotted in Figure 6.4 for samples with different
grain size. First, the strain hardening rate of NG/UFG structure decreases dramatically to ~1000
MPa attaining a minimum at 0.035 strain, followed by a rapid increase to a high dσT/dεT value of
~3100 MPa at relatively low strain of ~0.125, and then decreases until the commencement of
necking to fracture. SMG and FG samples exhibited a similar behavior and the strain hardening
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rate decreased at a comparatively slower rate to minimum compared to NG/UFG structure,
followed by a rapid increase to maximum SHR of ~3150 MPa at ~0.125 strain. In contrast to the
NG/UFG and SMG structure, there was a relatively slow decrease in SHR in the case of FG and
CG structures until the onset of necking to fracture. Thus, based on above outlined observations in
Figures 6.2-6.4, we can conclude that there are subtle but distinct differences in the tensile behavior
of NG/UFG and SMG structure in relation to FG and CG structures.

Figure 6.4: Strain hardening rate as a function of true strain for 16Cr-10Ni phase reversion
annealed austenitic stainless steel as a function of grain size from NG/UFG to CG regime.
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Crussard-Jaoul (C-J) analysis (ln(dσT/dεT) vs. ln(εT) plot) was used to further understand
the strain hardening behavior as a function of grain size (Figure 6.5). A change in the slope of a
line segment in the C-J plot provides insights on possible differences in deformation mechanisms
for different grain structures. In C-J analysis [123-127], the natural logarithmic values of SHRs
(Ln(dσT/dεT)) can be separated into different stages characterized by a decrease or increase in
Ln(dσT/dεT) as well as nearly constant plateaus or peak level. We define five stages and the data
is summarized in Table 6.2. For clarity C-J analysis was replotted for NG/UFG and CG structures
in Figure 6.5b. In stage A of the CG structure, there was a sharp decrease in the strain hardening
rate ln(dσT/dεT) with true strain ln(εT). With increasing strain there was a small constant region
(stage B), which was followed by gradual increase in the logarithmic value of strain hardening rate
ln(dσT/dεT) attaining a maximum strain hardening coefficient (stage C). With further increase in
strain, logarithmic value of strain hardening rate (ln(dσT/dεT)) was constant over a narrow strain
range (stage D). In the last stage the ln(dσT/dεT) decreased rapidly, which is the onset of necking
leading to fracture (stage E). In the NG/UFG structure, stage B was absent. The stage C was closely
related to the small plateau in the true stress – true strain plots marking the yield behavior (Figure
6.3).
The differences between NG/UFG and CG structures can be summarized as follows:
(a) In stage A, the strain hardening rate decreased rapidly for NG/UFG structure, while the
decrease in the CG structure was relatively slower.
(b) A small stage B was present in CG, but absent in the NG/UFG structure.
(c) The minimum value of strain hardening rate (SHR) was greater for CG and lower for NG/UFG
structure. From Figure 6.4, the minimum SHR for NG/UFG is ~1000 MPa and ~1250 MPa for CG
structures (Table 6.3).
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(d) There was a gradual shift in stage C to right side with increase in grain size (NG/UFG to CG),
i.e., towards higher strain.
(e) In stage D, higher SHR for NG/UFG and CG were observed (Table 6.3). From Figure 6.3, the
maximum SHR for NG/UFG and CG structures are ~3100 MPa and ~2750 MPa, respectively.
(f) As a consequence, the stage E also gradually moved to right, i.e., to a higher strain with increase
in grain size (NG/UFG to CG).
Table 6.2: The value of plastic strain of each stage of the samples with different grain size based
on C-J analysis. The data was extracted from Figures 6.2 and 6.4.

sample

Stage A

NG/UFG ε<0.035

CG

ε<0.07

Stage B

Stage C

Stage D

Stage E

--

0.035<ε<0.10

0.10<ε<0.112

0.12<ε<0.24

0.07<ε<0.08

0.08<ε<0.145

0.145<ε<0.16

0.16<ε<0.35

Table 6.3: The maximum and minimum strain hardening rates of samples.
Sample

NG/UFG

CG

Min SHR in Stage B, MPa

1000

1250

Max SHR in Stage D, MPa

3100

2750
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Figure 6.5a: The C-J analysis (ln(dd) vs. ln for samples as a function of grain size.
The variation in SHR with different grain size (NG/UFG and CG structures) and different
chemical composition are related to microstructural evolution and deformation mechanisms
(section 3.3).
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Figure 6.5b: The C-J analysis (ln(dd) vs. ln for CG and NG/UFG samples.
6.4

Microstructure evolution during tensile straining
During tensile deformation majority of the reverted austenite in CG transformed strain-

induced martensite (α’) comprising mostly of lath-type structure with high dislocation density
(Figure 6.6). The width of martensite laths was in the range of 50-175 nm. Nucleation of α’martensite in grains primarily occurs at slip bands and is associated with high density of dislocation
tangles. The shear bands acting as nuclei or precursor for the formation of strain-induced
martensite was recently proposed by Talonen and Hannien [118]. In contrast, in the NG/UFG
structure, the plastic deformation was characterized by intersecting nanotwins (Figure 6.7).
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Figure 6.6: Transmission electron micrographs illustrating strain-induced martensite lath in the
CG sample.

200 nm
Figure 6.7: Transmission electron micrographs illustrating deformation twinning in the
NG/UFG sample.
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Thus, there was a distinct difference in the deformation mechanism from strain-induced
α’-martensite in the CG structure to twinning in the NG/UFG structure. Twins were absent in the
CG structure, instead nucleation of strain-induced martensite was dominant mode of deformation.
In contrast to CG structure, deformation twinning was the active mode of deformation in NG/UFG
structure.
6.5

Discussion
From Figures 6.6 and 6.7 it is clear that there is change in the deformation mechanism from

strain-induced martensite in the CG structure to twinning in the NG/UFG structure. The tensile
deformation observations are consistent with the nanoindentation experiments carried out on
samples with similar grain sizes [95]. This change in deformation mechanism was attributed to an
increase in the stability of austenite with decrease in grain size. It is important to mention that slip
or dislocation glide is a precursor to any deformation mechanism and it is the major mechanism
transferring strain. Stage A in NG/UFG structure is envisaged to be characterized by twinning.
Stage B was absent in NG/UFG structure, presumably because of the large fraction of grain
boundaries in NG/UFG, which effectively promote nucleation of stacking faults and twins [103].
The SHR remained almost constant for NG/UFG during stage D and then gradually decreased in
stage E. We attribute the large stage C in the NG/UFG structure to increase twin density. In 18.8%
Mn TWIP steel, the increase in the strain hardening rate in stage C was related to the effect of
twinning [126], with consequent increase in dislocation storage capacity of twins with increase in
strain.
Stage D when SHR is a maximum, is considered to represent the situation, when the entire
grain is heavily populated with primary and secondary twins such that there is no further increase
in strain hardening rate. In the study on the strain hardening behavior of TWIP steel [127], stage
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B was not observed and both the increase in strain hardening rate (stage C) and presence of a
plateau were attributed to primary and secondary twins. However, a new stage was observed and
was attributed to slow down of twinning activity. The last and final stage E, when strain hardening
rate decreased until fracture corresponds to increase in the thickness of twins and no new twins are
nucleated such that the movement of dislocations is not inhibited. The effect of twinning on strain
hardening initiated in stage C and concluded in stage E.
If we compare the strain hardening behavior of NG/UFG with the CG counterpart. Unlike the
rapid decrease of strain hardening rate in stage A for the NG/UFG structure, the decrease in strain
hardening rate in CG structure was slow and occurred over a wide range of strain, followed by a
stage B, with nearly constant SHR and stage C with large increase in strain hardening rate. Stage
A in NG/UFG structure is related to slip and nucleation of dislocations, but the fact that in the CG
structure, there are less number of grains that are favorably oriented with respect to the tensile axis,
slip occurs in less number of grains. The drop in SHR in CG steel is induced by nucleation of α′martensite at a slow rate. In contrast, in the NG/UFG structure a number of grains that are favorably
oriented to the tensile axis, such that slip occurs in a number of grains.
In conclusion, in the low yield strength CG structure, ductility was good because of straininduced martensite formation during straining, while in the high yield strength NG/UFG ductility
was good but due to mechanical twinning. Given that both strain-induced martensite and twinning
contribute to strain hardening, we can say that in generic sense, the strain hardening behavior
associated with twinning and strain-induced martensite are similar. There were subtle differences
in the strain hardening behavior between twin mechanism and strain-induced martensite,
irrespective of significant differences in grain size. Strain hardening rate associated with twinning
and strain-induced martensite were not significantly except that twinning seems to initiate earlier
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than the strain-induced martensite. The stability of austenite with decrease in grain size (NG/UFG)
was previously explained by us in terms of strain energy [95,131].
6.6

Conclusions

We have described here relationship between strain hardening behavior and deformation
mechanisms in 16Cr-10Ni austenitic steel processed by phase reversion annealing approach to
obtain NG/UFG and CG structure. The plastic deformation region was divided into five subregions based on the change in strain hardening rate, where the different regions correspond to
microstructural evolution during tensile straining. Deformation twinning in NG/UFG structure
contributed to high strain hardening ability and good ductility, while the high strain hardening rate
and excellent ductility in ‘low strength’ CG steel was due to strain-induced martensite. The change
in deformation mechanism from strain-induced martensite in the CG structure to nanoscale
twinning in NG/UFG structure is related to the increased stability of austenite with reduction in
grain size.
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Chapter 7
Main conclusions and future work
7.1

Main conclusions:

1. Deformation mechanisms of austenitic stainless steels was studied by varying deformation
parameters, such as, strain rate, strain, chemical composition, stacking fault energy, austenite
stability as a function of grain size.
2. The deformation mechanisms and associated microstructural evolution were studied in AISI
301LN stainless steel, and Fe-16Cr-10Ni model austenite alloy using phase reversion-induced
NG/UFG austenitic stainless steel and compared with the CG counterpart by combining
nanoscale deformation experiments, tensile testing, and transmission electron microscopy.
3. The strain rate sensitivity and activation volume was calculated for 301LN stainless steel, and
Fe-16Cr-10Ni stainless steel using nanoindentation. The strain rate sensitivity of the NG/UFG
structure was significantly more compared to the CG counterpart, and the activation volume
was low for NG/UFG austenitic alloy.
4. Transmission electron microscopy observations as a function of strain rate suggested a distinct
and fundamental transition in the deformation behavior of Fe-17Cr-7Ni (301LN), and Fe16Cr-10Ni austenite alloy. In “high strength” NG/UFG alloy “deformation twinning”
contributed to the excellent ductility and high strain hardening rate, while in the “low strength”
CG counterpart alloy, ductility was also very good along with high strain hardening rate,
because of strain-induced martensitic transformation.
5. For both the steels, there was a monotonic increase in stacking faults and twins with increase
in strain rate in NG/UFG alloy. This implied that higher strain rate facilitated the twinning
process.
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6. The change in deformation mechanism from strain-induced martensite in the coarse-grained
(CG) structure to strain-induced ’ martensite + nanoscale twinning in fine grain (FG)
structure and nanoscale twinning + stacking faults in nanograined/ultrafine-grained (NG/UFG)
and sub-micron grained (SMG) structures is related to the increased stability of austenite with
decrease in grain size.
7. Transition of deformation mechanisms occurs at fine-grained regime (FG) (d= ~2 µm).
8. Transformation induced plasticity (TRIP) effect was observed in CG steel, whereas twinning
induced plasticity (TWIP) mechanism was observed in NG/UFG steel.
9. The transition in deformation mechanisms is a clear case of grain size effect (and strength).
10. The low interstitial content in Fe-16Cr-10Ni leads to reduced austenite stability (increase in
Md30 temperature). This results in formation of strain-induced martensite even at sub-micron
grained regime (SMG)
11. The study of deformation mechanisms using nanoscale experiments will be a major
breakthrough in guiding design of high strength-high ductility combination nanocrystalline
materials.
7.2

Future work
As we have explored the deformation mechanisms w.r.t strain rate, strain, chemical

composition, austenite stability as a function of grain size. It is necessary to investigate the possible
deformation routes w.r.t temperature, because temperature is also one of the important factor that
will greatly influence the deformation mechanisms.
Fracture mechanisms of these steels can be studied.
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We are very successful in utilizing innovative phase-reversion technique for austenitic
stainless steels to refine the grain size. In future, phase-reversion concept can be extended to study
microalloyed steels.
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